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Abstract

Novel AlFeCuCrMgyx (x = 0, 0.5, 1, 1.7 mol) high-entropy alloys (HEAs) were
synthesized by mechanical alloying and spark plasma sintering/conventional sintering.
The effect of Mg content on the phase evolution of as milled and bulk HEAs was
investigated using X-Ray diffractometry (XRD), transmission electron microscopy
(TEM) and selected area electron diffraction (SAED) pattern analysis. The particle
morphology and composition of HEAs were investigated by scanning electron
microscopy (SEM). The phase stability with respect to temperature has been determined
by differential scanning calorimetry (DSC)/Differential Thermal Analysis (DTA). Local
atomic structure of as milled AIFeCuCrMgx (x= 0.5, 1, 1.7) high entropy alloys (HEAS)
was studied by Fe, Cr and Cu K-edge X-ray absorption near edge spectroscopy(XANES)
and extended X-Ray absorption fine structure (EXAFS) spectroscopy. Thermodynamic
parameters for AIFeCuCrMgy alloy is calculated and analyzed to explain the formation of
a solid solution. Further, based on the present study material-structure-processing-
property correlation has been established in the AlIFeCuCrMgx (x = 0, 0.5, 1, 1.7 mol)
HEAs. Also, a mathematical model has been proposed by utilizing conventional
strengthening mechanisms. Phase analysis of as milled AlFeCuCrMgyx alloy powders
revealed formation of dual phase solid solution. Phase evolved after mechanical alloying
has been conferred with calculated thermodynamic parameters. XRD of the bulk alloys
revealed the formation of AlFe type, BCC, and Cu,Mg type phases. TEM bright field
image and selected area diffraction pattern (SAED) revealed the formation of tetragonal
Cr precipitates within the Cu,Mg phase of AlFeCuCrMgx alloys (x = 0.5, 1, 1.7).In
addition to these studies possibilities for other light weight Mg-Ca containing HEAS is
also being searched upon. The Mg content in AlFeCuCrMgy (x=0, 0.5, 1, 1.7 mol) HEAS
has a significant effect on hardness, increasing to a peak hardness of 853 HVN for
AlFeCuCrMgg s alloy of spark plasma sintered alloys. On the other hand, conventionally
sintered bulk AlFeCuCrMgy (x =0, 0.5, 1, 1.7) HEAs show peak hardness of 678 HVN
for AIFeCuCrMg;; alloy. A heat treatment of spark plasma sintered alloys was
performed at 470°C, 600°C and 820°C and the structure-property relationship has been
proposed.
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Chapter 1: Introduction

1.1 Background

Lightweight materials are the primary focus area for research in the 21% century [1].
Lower density of these materials makes them a suitable candidate for the applications
involving energy efficiency like transport and aerospace industries [2, 3]. In the recent
times lot of research work on the varieties of lightweight materials with the densities
from as low as 0.80 g/cm® of the polymers to around 5 g/cm?® for titanium alloys have
been carried out [1]. Aluminium (Al) alloys (density ~ 2.7 g/cm®) are most widely used
engineering material in automobile and aerospace applications due to their superior
specific strength, good corrosion/oxidation resistance, high ductility and cost efficient
[1,4]. Although Al alloys are also associated with some limitations like lower strength

and moderate modulus of elasticity.

Magnesium alloys (density ~ 1.74 g/cm®) generally compete with the Al alloys for the
lightweight applications. Advantages of magnesium alloys are low in density, comparable
specific strength and very good damping capacity [5]. Although with these advantages
there are large number of limitations associated with these alloys like low tensile
strength, limited formability at room temperature, very poor corrosion resistance and high
costs compared to Al alloys [5, 6]. There have been lot of research undergoing for
improving the limitations associated with these category of lightweight alloys yet other
alloy systems can also be designed and looked upon for filling the gap for the energy
efficient materials. Similarly, titanium and beryllium alloys are also used in light weight
applications such as aircraft body due to better specific strength but has a major
disadvantage of being expensive [1].

High entropy alloys (HEAs) or multi component alloys are the new breed of alloys first
reported by J.W. Yeh in 2004 [7]. Initially, Yeh defined HEAs as the alloy consisting of
five or more than five principal alloying elements of concentration 5-35 at. % [7, 8].
Advantage of using HEAs as an engineering material is their properties which are
independent of constituent elements and dependent upon the microstructure. It has been
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reported that HEA shows remarkable properties such as high specific strength, good
thermal stability, high oxidation resistance and better wear resistance having a potential
application in automobile and structural applications [9, 10]. Also, some HEAs have
excellent thermal stability and resistance to softening at high temperature making them

uniquely useful for applications such as turbine blades, and refractory materials.

In the recent years ongoing effort are being made by researchers to design a lower density
(light weight) HEA with a desired microstructure and superior properties for the potential
applications in automotive and aerospace industries. Some of the efforts have been made
to design alloys based on lower density elements such as aluminium (Al), magnesium
(Mqg), beryllium (Be) and titanium (Ti). The major difficulties in order to synthesize
HEASs containing lower density elements is there higher reactivity with an environment,

comparably lower melting point and cost efficiency.

Numerous techniques have been used to synthesize HEAs so far such as arc melting,
induction melting, solid state processing technique and direct laser fabrication methods
[9-11]. Most of the work reported suggests that melting and casting methods are widely
used for the synthesis of HEAs. Major advantage of melting and casting method is
reduced synthesis time, cost efficient, and energy saving. Although in case of light weight
HEAs difference between the melting point of low density elements and other transition
elements makes it difficult to synthesize light weight HEAs by this method. Mechanical
alloying (MA\) is solid state processing technique which comprises of synthesis of alloy
systems from the blend of elemental powders. MA involves repeated cold welding and
fracturing of the elemental powders by the impact of balls and vials during milling action
resulting in the formation of equilibrium or non-equilibrium phases of alloy. Thus, MA is
the only techniques by which alloys can be synthesized even when there is high positive
enthalpy of mixing between the individual elements [12]. Further, as milled alloy
powders after MA can be consolidated by compaction and sintering operation to form the
bulk alloys. There are various techniques for the synthesis of bulk alloys from the as
milled powders such as conventional pressure less sintering, hot isostatic pressing, and
spark plasma sintering (SPS). It can be pointed out that SPS is the most cost effective and

energy saving consolidation technique compared to all other techniques. SPS comprises



of pulsed DC current passing through a powder compact and graphite dies which results
in compaction and densification through internal heating in order to approach the
theoretical density value. The advantages of SPS include retention of nanostructured
materials due to very short heating times, the low pressure required for compaction and

better grain to grain contacts.

1.2 Goals of the Research Project

The demand of lightweight materials is increasingly becoming a necessary requirement
for better energy efficiency in transport sector such as automotive and aerospace
applications. As mentioned above the conventional light weight alloys like Al-based
alloys and Mg-based alloys have poor mechanical properties compared to steel and also
not suitable for high temperature applications. Light weight alloys such as Ti based alloys
are not cost effective. The above shortcomings and requirements motivated the
investigator to undertake the research to synthesize a light weight HEAs. Lightweight
HEAs can have outstanding properties such as higher strength to weight ratio, and better
mechanical property such as hardness.

Still there are major complications in designing of lightweight HEAs as most of the
elements in periodic table possessing lower density are having very poor
corrosion/oxidation resistance, lower strength, and lower hardness. Also, most of these
elements are immiscible with transition group of elements in periodic table due to their
varying atomic radius and high positive enthalpy which leads them to form intermetallic
phases rather than solid solution. Magnesium (Mg) being the lightest structural metal
elements in the periodic table can be incorporated in the HEASs to achieve low density

and cost effectiveness with good mechanical properties.

Lot of research has been going on in the recent days to design new alloy systems with
improved properties and low density which could be suitable for different engineering
applications. Also, an on-going effort is focused on empirically correlating the phase

evolution and thermodynamic parameters of the HEAs and understanding the structure-

3



property relation. Therefore, the present research work focuses on the designing of alloy
by introducing varying concentration of lower density elements with the transition

elements to synthesize HEA which are lighter in weight along with cost effectiveness.

1.3 Outline of the Thesis

The present research work is split into 8 chapters including an introduction to the high
entropy alloys. In Chapter 2 contains a review of thermodynamic parameters proposed
and some previous work on the phase formation, stability, properties of light weight
HEAs. The methodology for the alloy preparation, phase characterization and properties
has been described in Chapter 3. In Chapter 4 the novel AlFeCuCrMgx (x =0, 0.5, 1, 1.7
mol) HEAs were synthesized by mechanical alloying. The effect of Mg content on the
phase evolution of HEAs was investigated. Also, phase formation of the present HEAs
has been correlated with calculated thermodynamic parameters. Further, the spark plasma
sintering of as-milled AlFeCuCrMgjy alloys and the study of phase evolved after sintering
are studied in Chapter 5. The phase evolved after sintering in these alloys has been
considered using thermodynamic parameters and the structure-property relationship has
also been proposed by conventional strengthening mechanism. Chapter 6 discusses an
attempt to synthesize Mg-Ca-Al based light weight HEAs, such as AlMgCaNiCu,
(AIMgCa); 33(NiCu)os and AlMgCaFeCr alloys, by mechanical alloying and spark
plasma sintering. Chapter 7 and Chapter 8 discuss about the conventional sintering and
heat treatment of spark plasma sintered AlFeCuCrMgy (x = 0, 0.5, 1, 1.7 mol) alloys

respectively.



Chapter 2

Literature Review

2.1 Background

Materials are the basic building block for the development of human civilization. From
the Bronze Age to the modern age, man has seen much of groundbreaking developments
in the field of materials science and metallurgical engineering. Ever increasing demands
on the engineering materials in the applications like transportation and building materials
have opened doors to alloying pure metals with some other elements. In contrast, thefirst
alloy discovered around 2500 BCE were those of copper-arsenic and copper-tin [13].
First industrial revolution in the 18™ century led to innovation and development of new
alloy systems which had enhanced the knowledge and expertise of humanity in the field
of material science and technology. Moreover, these alloys showed superior mechanical
properties than the pure metals and are used in major part of engineering applications
even today. Majorly steel, an alloy of iron and carbon has been widely usedfrom ages due
to its superior properties like good strength, better oxidation/corrosion resistance, and
superior wear resistance. Although first successful synthesis of aluminum alloys and
magnesium alloys in the 1900s led to bring the concept of energy efficiency in different
applications such as transportation, aerospace, etc. In the later years many improved alloy
systems like nickel alloys, titanium alloys had been synthesized for high-temperature

applications like in turbine, etc.

Although the concept of multi principle alloys had not been explored in the first half of
20" century [8, 9, 14]. In 1970s Prof. Brain Cantor first thought of multicomponent
alloys but he was unable to perform work due to lack of funding. Moreover he was also
unable to persuade other people in this field. First work on multicomponent alloys was in
1981 by his undergraduate student. Surprisingly, he found single phase FCC
microstructure  with excellent mechanical properties in  FeyCrpNipMnyCog

multicomponent system but this work was not published. Much later his undergraduate



student Peter Knight and Isaac Chang repeated the work and found the same result and
the results was published in 2004 [15]. Independently Prof. J.W. Yeh also reconnoitered
the concept of multicomponent alloys since 1995. First paper on concept of HEA was
published in Advanced Engineering Materials in 2004 [7]. This paper had reported the
formation of single phase solid solution in the multicomponent alloy system and
explained the related theory accompanying the solid solution formation. Moreover he

also used for the first time term HEA to designate multicomponent alloy systems.

Prof. S. Ranganathan independently explored the concept of multicomponent alloys and
bulk metallic glasses and published a paper on the principle of multi-metallic cocktails in
2003 which primarily became one of the core effects in the stabilization of solid solution
in the HEAs.

2.2 Concept of High Entropy Alloys

High-entropy alloys constitute of multi-principal elements (= 5) with each element
having an atomic percentage of 5 to 35 [16-21]. Some studies suggest the definition must
include that HEA must be single-phase solid solution [22] and in others the definition is
widened to include 4 component systems. There is no right or wrong answer, and the
appropriate approach will depend on the intent of the work being performed. Thus it can
be said that there are multiple definition of high entropy alloy based on composition,
phase etc. so as to allow researchers to explore the field with flexibility [23].

Microstructure and exceptional properties of high-entropy alloys are explained to be due
to four core effects [9, 10, 24]. These four effects are high entropy, severe lattice

distortion, sluggish diffusion and cocktail effect which will be discussed in this section.
2.2.1 High Entropy
Entropy is the thermodynamic properties which deal with the measure of the disorderness

of the system given by Eq. 2.1 [9,10,14]

S = kInw (2.1)



where k = 1.38 X 10? J/K is Boltzmann’s constant and W is the no. of possible
microstates in a macroscopic state.
Thermodynamically every alloy system is in an equilibrium state when its Gibbs free

energy of mixing (AGmix, EQ. 2.2) is minimum.

AGpix = AHpix — TASix (2-2)

Eq. 2.2 suggests that the minimization that AGnyix always depends on enthalpy of mixing
(AHpix) and entropy of the mixing (ASmix). In the case of HEAs ASpix becomes large
which tends to reduce AGnix Which will be more negative making the system more stable.

Thus, for a random alloy system with N no. ofelements, ASnix is given by Eq. 2.3

ASnmix=-RY; cilnc; (2.3)
where ¢; is the molar content of i" element, R (8.31 J/K mol) is the universal gas
constant. It is to be noted that here that we are only considering the configurational
entropies of the system as it is assumed that in random solid solution alloy systems
containing N elements the configurational entropy plays a major part for stabilization [7].
Configurational entropy of mixing becomes maximum for equiatomic compositions and

is given by Eq. 2.4
ASmix= RIn' N (2.4)

For ternary and quaternary equiatomic alloy systems, the configurational mixing of
entropy is 1.1R and 1.3R and are sometimes classified as medium entropy alloys [25, 26].
It was suggested by Yeh [27] that the system can be only called as high entropy alloy
when its configurational mixing of entropy is equivalent or greater than 1.6R. However,

for a real alloy system other entropy terms like magnetic, electronic and vibrational



entropies also play there part thus making overall entropy much more complicated to

explain the phase stabilization in the alloy.

2.2.2 Lattice Distortion Effect

The multi-element matrix in the solid solution for the HEAs leads to high lattice strain
and stress mainly due to the different atomic radius associated with the individual
elements. In addition to the atomic size difference other factors such as bonding energy
and crystal structure also have a significant contribution for the higher lattice distortion.
Overall lattice distortion in HEASs is more severe compared to conventional alloy systems

[28]. Fig 2.1 shows the distorted lattice due to atomic size difference in case of HEAs.

Figure 2.1 Schematic illustrations of crystalline structures of a solid solutions composed of multi-
principal elements [10].

X-Ray diffraction (XRD) studies suggested that due to the effect of severe lattice
distortion in case of HEA, the intensity of the peaks is smaller than the perfect lattice
[29]. The severe lattice distortion in HEAs greatly influences the mechanical properties
and the thermal resistance. For example, the hardness of BCC structured AlsCoCrCuFeNi
alloy is found to be 655 HV, and that of FCC structured AlysCoCrCuFeNi alloy is 200
HV. Murty et al. [9] has suggested the lower hardness in the case of FCC structured alloy
is due to the smaller fraction of unlikely atoms in the nearest neighbor which results in
smaller distortion thus lower hardness. Moreover, the large phonon scattering causes low
thermal conductivity in the HEAs. Electric resistance also increases because of the
distortion [10].



2.2.3 Sluggish Diffusion Effect

Diffusion kinetics is an important phenomenon for the formation of a new phase in any
alloy system. It had been proposed that the sluggish diffusion in HEAs lowers the
diffusion rate of atoms which in turn slows the phase transformation rate in the multi-
element matrix of a phase. The formation of new phases from the old phase requires
cooperative diffusion of many different kinds of atoms to accomplish the partitioning of
the composition. Tsai et al. [30] had made the first study on the diffusion kinetics
CoCrFeMnNi HEAs. The study concluded that the sequence in the order of decreasing
diffusion rate is Mn, Cr, Fe, Co, and Ni. Also, the diffusion coefficients were found to be

smaller than the pure FCC metals and Fe—Cr—Ni (- Si) alloys.

However, the normalized activation energies Q/T, in the present HEA (Fig 2.2) were
higher for the CoCrFeMnNi alloys than other references. It has been found that as a
number of constituent elements in the matrix increase the degree of sluggish diffusion
increases. Thus, these results concluded that sluggish diffusion effect exists in HEAs. It
has also been suggested that slower diffusion rate exists due to the abundant low lattice
potential energy (LPE) sites that serve as a trap and hinder atomic diffusion. Therefore,
larger LPE fluctuation in HEA leads to higher normalized activation energies and a lower
diffusion rate leading to slower diffusion in HEAs. Further Kulkarni and Chauhan [31]
also studied interdiffusion coefficients of Fe-Co-Ni-Cr system. Study concluded that the
value of interdiffusion coefficients shows sluggish diffusion kinetics having an order of
10™*® m%s. Also, it was suggested that in case of HEAs, single atoms will only jump
towards the another atoms if there is relatively higher negative heat of mixing and jump
away if there is having relatively higher positive heat of mixing. Thus, the diffusion of
atoms in HEAs essentially depends upon relative thermodynamic parameters of other
components. Moreover, it is usual that sluggish diffusion effect in alloy system tends to
form fine precipitates and controlled grain structure which in turn improve the overall
strength of HEAs.
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Figure 2.2 Comparison among the melting point normalized activation energy of diffusion for Cr,
Mn, Fe, Co, and Ni in different matrices: pure metals, stainless steels, and high-entropy alloy
CoCrFeMnNi [30].

2.2.4 Cocktail Effect

Cocktail effect was first given by Prof. Ranganathan [32]. It was suggested that there
could be unexpected properties obtained after mixing many elements in an alloy system,
which could not be obtained from any independent element. It implies that alloy can be
adjusted by finely adjusting the number and composition of the individual elements. The
‘cocktail” effect allows researchers to remain open for unexpected results that may come

due to larger possibilities of the combination of different elements in case of HEAs [23].
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Figure 2.3 Hardness and lattice constants of a Al,FeCuCrCoNi alloy system with different x values:

(A) hardness of Al,FeCuCrCoNi alloys, (B) lattice constants of an FCC phase, (C) lattice constants of

a BCC phase [36]

The cocktail effect in HEAs can be understood by two examples first, Al,FeCuCrCoNi

[17, 33] HEA (Fig 2.3) prepared by casting route shows variation from complete FCC

microstructure at Al content x = 0.5 with hardness value 133 HV to complete BCC

microstructure at Al content x = 3 and hardness 653 HV. Secondly, change in the

microstructure and properties as function of Al element content in CoCrFeNiAly HEASs

(Fig 2.4) [34].
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Figure 2.4 Hardness of a CoNiCrFeAl, alloy system with different x values, the Cu-free alloy has
lower hardness than that of the CoCrFeNiAl, alloy [37].

The hardness of the FCC phase does not vary too much with changing the Al content
from 0 to 0.45, while the hardness of the BCC phase decreases from about HV 538 to HV
480 as the Al content increases from 0.88 to 2.0. It can also be suggested from these two
examples that addition of single Cu element plays an important role in the stabilization of
FCC phase for Al,CoCrCuFeNi HEAs and absence of Cu causes BCC + FCC phase

region narrower in case of CoCrFeNiAl, HEAS.
2.3 Alloy designing through thermodynamic parameters for HEAs

Earlier it was believed that the addition of 5 or more elements in equal composition will
lead to the formation of intermetallic phase rather than a solid solution due to the
different heat of formation and atomic size difference between binary elements. On the
other hand, Cantor and Yeh [15, 7] have found that some multi component alloy systems
form random solid solution phases which can be explainedon the basis ofthermodynamic

parameters between elements supports the formation of solid solution. Formation of solid
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solution in conventional binary alloys follows the condition called as Hume-Rothery
rules which are being developed to understand the conditions by which one element is
soluble into another. Hume-Rothery rules suggested that the solid solubility majorly
depends upon the atomic size, crystal structure, electronegativity and valence.

The Hume Rothery rules are stated as follows:
1. The atomic size of the solute and solvent may not differ more than 15%.
2. The crystal structure of the two elements should be same.
3. Electronegativity of the two elements should be same.
4

. Valency of solute and solvent should be same.

In the case of HEAs, earlier studies on the microstructure evolution by J.W. Yeh
discussed mainlyatomic size difference, crystal structure, enthalpy of mixing,
electronegativity. In addition to these effects Tong et al. [33] concluded that high mixing
entropy also leads to the formation of the solid solution rather than the formation of
intermetallic compounds. However, Otto et al. [22] studied the effects of entropy and
enthalpy on the phase stability in HEAs and suggested that phase evolution in HEAS is
associated with a minimization of Gibbs free energy, including both enthalpy and entropy
contributions. Further, it was concluded that high configurational entropy might rarely
form a single phase solid solution. It was also suggested that highest entropy values are
obtained in a single phase solid solution and should be called as real HEAs while alloys
that consist of multiple phases can be referred to as multicomponent alloys. Therefore, to
design and define the formation of solid solution in HEAs different criterions based on
the basic thermodynamic parameter such as mixing enthalpy, atomic size misfit,
electronegativity, mixing entropy have been defined. In case of HEAs the mixing of
enthalpy (AHmix) and atomic radii mismatches () was given by Eq. 2.5 and Eq. 2.6
respectively

AHpix = Y1 2 4 AHRR Ci; (2.5)
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where AHRMXis the enthalpy of mixing between binary A and B elements, c;, ¢; are the
molar content of i" and j™ element, r; atomic radii of ith component. Zhang et al. [35]
predicted that simple solid solution may be formed when -15kJ/mol < AHpix< 5kJ/mol,

and 6 < 5% and a 2D plot in support for the criterion is shown in Fig 2.5.
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Figure2.5 A phase formation map based on the enthalpy of mixing AHx and the atomic size
differenced, for the formation of solid solution, ordered solid solution, intermediate phase and bulk

metallic glasses.[35]

Similarly, Guo et al. [36] predicted that formation of simple solid solution microstructure
is related to AHmix, ASmix and & as 11 < ASpix<19.5 J/Kmol, -11.6 < AHpix <
3.2kJ/mol and § < 6.6. Zhang et al. [37] has also defined the criterion for the formation
of simple solid solution in case of HEAs as AS¢ons > 13.38J/K mol, -10kJ/mol < AHpix<
5kJ/mol, and 6 < 4%.
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Later other parameters (Q2) for the formation of the solid solution was defined as Eq. 2.7

[38, 39]

— TmASmix

|AHmix| (27)

Theoretical melting temperature, Ty, of an alloy containing N elements is calculated by

relation as given in Eq. 2.8

Tm= N=1 Ci (Tm)i (2.8)

It has been proposed that if Q > 1, then the contribution of TASyix Will exceed that of
AHpix and HEAs will form a solid solution and in case when Q < 1, then AHpix Will be a
predominant part, thus resulting in formation of intermetallic compounds in HEAs
system. This relationship has been shown by Yang et al. [38] in 2D maps between Q and
o (Fig 2.6).

Electronegativity also plays an important role in stabilization of solid solution in HEAsS.
Electronegativity is a tendency of an atom to attract an electron and according to the
Hume-Rothery rules high electronegativity of a solute tends to form intermetallic
compounds. In, HEASs the electronegativity difference is calculated by the composition of

the HEA and not by lattice type, and is given by Eqg. 2.9

AX = 816 (% — Xavg)? (2.9)

Where, X; is the Pauling electronegativity for the ith element and Xayg= XN ; ¢; X;.
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The role of electronegativity on the phase stability of HEAs was described by Dong et al.

[40] showing that a topologically closed packed (TCP) structure is stable in HEAs where
AX >0.133 (Fig 2.7).
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Figure 2.6 Phase-formation map based on the Qand & for the multi-component alloys. For the
formation of solid-solutions, £ > 1.1 and & < 6.6% [381]
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Lu et al. [41] further proposed new parameter based on average value of d orbital energy
level (Md) for HEAs showing that TCP is most stable when value of Md > 1.09. This
method reported in [42] can be estimated by Eq. 2.10

MD = 37, C; (Md); (2.10)

where C;is the atomic fraction of component i in the alloy, and'Md' is the d-orbital energy
level of element i in the M-element centered cluster in the i-M binary solid solution alloy,
in which i is a solvent and M is a solute. The value of (Md); of the elements are
determined based on the FCC NizAl structure [42].

More recently, Wang et al. [43] proposed a; and apparameters based on multiple alloy
systems from literature in which the effect of atomic size and lattice distortion on the
ability of HEASs to form solid solution phases were considered. Parameter o is defined by
assuming dimensionless displacement of an atom from an ideal atom and hence given by
Eqg. 2.11 and parameter a, is defined by the dimensionless displacement between an
atomic pair and its counter pair. oy and ay are calculated using Eqg. 2.11 and 2.12

respectively,

a, = yraet 2.11)

Ci Cj |Ti + T'j—Z‘f
27

n

Ay = Ljs (2.12)

Where, ¢; and ¢; are the molar content of i and j” component, r; and r; are the atomic

radii of ith and jth element and #¥=YN , ¢; r;.
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Recently, Senkov et al. [44] proposed a new parameter for the phase formation in the
HEASs assuming linear relationships between enthalpy of formation for intermetallic (IM)
phase (AHv) , AHnix, and entropy of formation of IM phases (AS\v) , ASmix for HEAS. It
had been concluded that for the formation of solid solution the critical value
k$" (T)given by Eq. 2.13

TASp,

kS™(T) = AHmi": 1-k)+1 (2.13)

where 0 <k, < 1.

should be greater thanAHM/AHmix i.e.

Kfr > AHIM/AHmiX (214)

The dotted line in Fig 2.8 clearly shows the separation of solid solution alloys from IM-
containing alloys. Almost all SS alloys, except two with a BCC structure, fall above the
dashed line and almost all IM-containing HEAs fall below this line. Thus it had been
predicted that x{"(T) parameter has an improved ability to predict the SS, SS+IM phase
formation in the HEAs.

Ye et al. [45] has proposed a parameter which suggests total configurational entropy of
mixing St for an alloy can be expressed as St = Sc + Sg, where S; is the configurational
entropy of mixing and Sg is excessive entropy of mixing as a function of atomic packing
and their sizes. Further, authors suggested a single dimensionless thermodynamic

parameter @ for the design of HEAs given by Eq. 2.15

g =k (2.15)

[SEl
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where Sy = |Hnmixl[/Tr is defined as the complementary entropy derived from the enthalpy
|[Hmix|- 1t was observed that HEA tends to display a multi-phase structure when @<@c while

a single-phase solid solution when @ > @¢ where @¢ is critical value ~ 20.

Caraballo et al. [46, 47] also discussed the formation of solid solution microstructure
based on the lattice distortion and introduced two new parameters i.e. interatomic spacing
mismatch (Sy), and the bulk modulus mismatch (Kq). sm and K., describe separate

regions displaying solid solutions, intermetallic, and bulk metallic glasses (Fig 2.9) .
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Figure 2.9 Interatomic spacing mismatch s, vs. bulk modulus mismatch K, [47].

All the above discussed parameters are effective in predicting the formation of solid
solution. However, these parameters generally do not give a general idea about the type
of the crystal structure obtained. To predict the crystal structure of HEAs Guo et al. [48]
suggested that valence electron concentration (VEC) is an important parameter for
deciding the formation of FCC, BCC or mixed phases. It was reported that only BCC
phase will form when VEC < 6.87, both BCC and FCC will form when 6.87 < VEC < 8
and only FCC phase will form when VEC > 8. Later Tsai et al. [49] also used VEC to
demarcate the ¢ phase formation in HEAs (Fig 2.10).

The stabilization of solid solution is also dependent on the number of the itinerant s and p
and total number of valence electrons (e/a) [50]. Also, it was observed that BCC solid
solution only forms for 1.8 < e/a < 2.3 and FCC microstructure forms for 1.6 < e/a < 1.8.
Further, a criterion for the designing a new HEA is by selecting the multi elements with 6

< 6%, AX < 6%.
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Figure 2.10 Conditions for the phase formation in HEAs [51].

Apart from all these models recently, Laurent-Brocq et al. [51] suggested that higher
value of configurational entropy is not sufficient to form a simple solid-solution in HEAsS.
Further, it had been concluded that all the existing thermodynamic models, poorly predict
the range of formation of a solid-solution. Moreover, it was suggested that the current
definition of high entropy alloys is not appropriate as it does not provide distinction
between multi-component alloys i.e. the alloy having the multiphase microstructure and
HEAs. Thus, a new definition, based on structural, physical, chemical or mechanical
parameters, is required.

Recently a new alloy designing based on Pettifor map for AB compounds with 1:1
stoichiometry was developed for HEAs. The Pettifor map is tabulated according to the
Mendeleev number for the elements. Tackeuchi et al. [52] utilized Pettifor map for the
information about the structure of binary AsoBsg alloys and has been shown in accordance

with the mixing enthalpy (AHmix) on the basis of Miedema's model.
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2.4 Synthesis of HEAS

Several different methods have been adopted for the synthesis of HEAs such as casting
route, powder metallurgical route, coating and spraying. Mostly all the methods are being

discussed in detail in this section.

2.4.1 Casting Route

Melting and casting route has been widely used for the synthesis of conventional alloys
and HEAs. Up till now the maximum number of HEAS reported is synthesized by
melting and casting route. Melting and casting route has advantages such as reduced
synthesis time, cost efficient, and energy saving which gives it an edge over other alloy
synthesis techniques. Although the major limitation of this technique is that high
temperature leads to the evaporation of low melting point elements like Mg, Zn and Mn
which leads to change in the stoichiometry of the alloy during synthesis. Arc melting is
most commonly used for the synthesis of HEAs [17, 18, 20, 21]. Moreover, the
advantage of using an arc melting method is its ability to attain high temperature (~
3000°C) which enables it to melt most of the elements in periodic table. Basic limitations
involved in the synthesis of HEAs through this route is that at low cooling rates typically
dendritic and interdendritic microstructures are formed in HEAs due to elemental
segregation. Singh et al. [54] reported decomposition in multi-component
AlICoCrCuFeNi HEAs which showed formation of interdendritic region as well as
dendritic region. Similarly, Senkov et al. [55] while studying microstructure of
WNbMoTa and WNbMoTaV HEAs reported that the dendritic structures are enriched
with heavier elements than interdendritic regions. A rapid cooling of HEAs generally
favors the formation of single phase solid solution [56]. These results employed that
stabilization of the solid solution microstructure is more dependent upon cooling kinetics
rather than thermodynamics of the system in case of HEAs synthesized by melting and
casting route. Some of the rapid cooling synthesis techniques in HEAs are splat
quenching, melt spinning, injection casting, suction casting, and drop casting.

Another technique that involved melting and casting is the Bridgman solidification (Fig
2.11) for synthesis of HEAs. This method was mainly used for growing single crystalline

materials. This technique involved heating of the polycrystalline material above melting
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point and slowly cooling it from the end where a seed material is located. A single crystal
of the same crystallographic orientation as the seed is grown, and gradually formed along

the length of the container.
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Figure 2.11 Schematic diagram of the Bridgman solidification [57]

Cui et al. [57] reported AICoCrFeNi alloys, by Bridgman solidification and results
indicate that the microstructure constitutes of the finer dendritic region and decreased the
concentration difference between the dendritic and interdendritic regions due to rapid
growth rate and high temperature gradients. Ma et al. [58] reported low withdrawal
velocity of 5 um/s to synthesize single crystal of FCC CoCrFeNiAlg 3 using a Bridgman
solidification technique.

2.4.2 Laser Fabrication Method

Direct laser fabrication technique is also used for synthesis of HEA [59, 60, 61]. The
procedure for synthesis includes two hopper system used to prevent powder segregation.

By varying the flow-rate of elemental powder to the melt region the various alloy
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compositions were manufactured. To reduce oxide formation high purity argon gas was
continuously purged in the sealed melt deposition region. Thus, maintaining an
atmospheric oxygen concentration of 10 ppm or less. The depositions were performed on
a 15 mm thick stainless steel plate which was locally preheated via laser scanning in the
deposition region in order to reduce thermal stress between interface of the deposited
material and the plate. Joseph et al. [11] synthesized AlCoCrFeNi HEAs using direct
laser fabrication, and the resulting microstructure consists of FCC, BCC+FCC and BCC
for Alo3CoCrFeNi, AlpsCoCrFeNi and AlpgsCoCrFeNi HEAs respectively. Also, the
microstructure of AlysCoCrFeNi resembles widmanstatten structure which is mainly

observed in steels.

2.4.2 Solid State Processing Route

Mechanical alloying (MA) is a solid state synthesis technique that allows synthesis of
both miscible and immiscible alloy materials starting from elemental powder blends. MA
was first developed in 1966 by John Benjamin and his colleagues at the International
Nickel Company (INCO). This process uses a high-energy ball mill to favor plastic

deformation required for cold welding and reduce the process times.

Horizontal Section P>
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Figure 2.12 Schematic diagram for MA [62].
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In the process of ball milling, different elemental powder particles are mixed in a vial
containing the ball. The basic mechanism while MA is governed by the cold welded,
fractured and again welded during milling action (Fig 2.12). Generally, when two balls
while milling collide, some elemental powders are stuck between them,which in turn
deforms the elementparticles leading to cold welding and fracture. In the initial hours of
milling, the tendency of cold welding of different particles is predominant due to softer
nature of particles. The increase in the milling causes particle deformation, which results
in increased work hardening thus increasing the brittleness of powder particle causing it
to fracture into smaller flakes leading to a reduction of the particle size [9, 10].Further
milling tends inter-layer spacing of different elements to decrease and the number of
different elemental layers in a particle to increase. Prolonged hours of milling during MA
causes heavy deformation into the particles which in turn increasing various crystal
defects such as vacancies, dislocations, and stacking faults. The presence of these defect
enhances the diffusivity in such a way that an atom of one element is diffused into the
lattice of another. There are three different combinations of interactions between particles
while MA. These are ductile-ductile interaction, ductile-brittle interaction, and brittle-
brittle interaction [62]. Also, MA operation takes place at room or slightly higher
temperature and may take prolonged hours of milling for alloying which also causes the
refinement of the crystallite size up to the nanometer level. Thus, MA is also the
technique which can be used for the synthesis of nanocrystalline materials. Synthesis of
high entropy alloys (HEAs) by MA technique was first reported by Varalakshmi et al.
[63] and the resulting microstructure consisted of a BCC solid solution.

Compaction and sintering of the as milled powder to produce bulk alloys in solid state
processing has mostly been done by conventional method which leads to coarse grains
microstructure due to long period of heating. For the synthesis of nanocrystalline
microstructure HEASs spark plasma sintering (SPS) technique is generally used for the as-
milled alloy powders [64, 65]. SPS technique was first discovered in 1960 although this
technique gained its usage much later after 1990s for the producing bulk alloys [66]. SPS
finds applications to synthesize wide variety of the bulk metallic, ceramic and

nanostructured materials.
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The SPS uses DC pulse voltage and current to as milled powder particles. High
temperature is generated by spark plasma and spark impact pressure between the surfaces
of the powder particles. In this technique the spark discharge between the particles causes
the melting of the surface of the particles during the sintering process. Thus “necks” are
developed around the contact area between the particles. These necks gradually grow
while sintering, resulting in a bulk compact of over 99% density. The action causes high-
speed diffusion between the particles due to the high-speed migration of atoms leading to
completion of sintering within a short period of time. Thus, it can be suggested that
mechanism of sintering of a bulk alloy in the SPS follow four steps namely, generation of
plasma, heating, vaporization and melting action on the particle surface, sputtering of the
molten particles, neck growth [67]. SPS techniques have many advantages over other
conventional sintering techniques such as fast sintering process, energy efficient easy
control of sintering parameters like density and porosity, nanocrystalline microstructure
etc. However, major limitation associated with this technique is difficulty to fabricate of

bigger size sample due to different temperature gradient.

Pu]seg

Figure 2.13 Schematic representation of Spark Plasma Sintering [67].
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2.4.3 Sputtering

Sputtering techniques are also used for preparation of HEA thin films from the gaseous
state. The sputtering is a technique in which thin films are synthesized onto the substrate
by atoms as the target is deposited on the substrate by the bombardment of charged gas
ions. The sputtering can be divided between DC sputtering, RF sputtering (radio
frequency) and magnetron sputtering [68]. Difference between the DC and RF sputtering
techniques is that in case of DC sputtering the deposition is mainly governed by the
higher values of voltage and argon pressure compared to RF sputtering. As a result the
RF sputtering technique is suitable for the deposition of insulating materials. In case of
magnetron sputtering, both electric as well as magnetic fields are used to increase the
ions path length leading to higher deposition rates (Fig 2.14). Magnetron sputtering is
widely used for coating of HEAs. An et al. [69] synthesized a single phase CrCoCuFeNi
thin films by RF sputtering route. It was observed that the elements distribution in the

thin film is much more uniformly distributed.
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Figure 2.14 Schematic diagram of Magnetron Sputtering[70].

27



Other techniques such as plasma spray techniques, thermal spray techniques and plasma
nitriding are also some of the efficient methods for the synthesis of HEA coatings on the

substrate.

2.5 Some unique structures and properties of HEA

In HEAs, different parameters like atomic size effect, enthalpy of mixture and high
configurational entropy leads to the formation of simple disordered solid solution.
Generally these disordered solid solution phases are having FCC, BCC, or HCP
structures leading to some unique properties. Structure and the properties of the HEAs
can be varied by changing the content of the elements from equiatomic to near
equiatomic compositions. The effect of Al on the microstructure and the properties of
Al,CoCrFeNi alloys have been studied by Yang et al. [70]. XRD studies showed that the
Alo1CoCrFeNi alloys (Fig 2.15(a)) show single phase FCC structure.
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Figure 2.15 XRD Pattern for Al,CoCrFeNi (x = 0.1, 0.75, 1.5) [67]
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With the increase in the Al content upto x = 0.75 (Fig 2.15(b)), some fraction of B2
structure also forms along with the FCC phase. Further it was observed that increase in
the Al content upto x = 1.5 cause microstructure transformation from the FCC phase (x =
0.1, 0.75) to the BCC phase and ordered B2 structures. The mechanical property studies
on AlCoCrFeNi alloys suggested that hardness increases from 1.85 GPa in case of x =
0.1 alloy to 5.60 GPa for x = 1.5 alloy. This variation in the hardness value was found to
be due to the formation of B2 and BCC phases in case of x = 1.5 alloy which are having
poor ductility in comparison to FCC phase. Thus, structural transformations from FCC to
BCC with increasing Al content results in higher hardness.

Heat treatment behavior of equi-atomic AICoCrFeNi alloy was studied by Munitz et al.
[71]. Heat treatment of these alloys was performed at different temperatures i.e. 850°C,
975°C, 1100°C and 1200°C in air atmosphere for 3 hrs. An XRD result (Fig 2.16) showed
that as-cast alloy consisted majorly of BCC phase with a minor B2 phase. On heat
treating these alloys at 850°C, FCC and ¢ phases are evolved with BCC phase. It was
interesting to note that o phase disappears when the heat treatment was performed at
975°C, 1100°C and rest of the phases like BCC, FCC and B2 mainly constitute the

microstructure of the alloy.
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Figure 2.16 XRD patterns from the AICoCrFeNi alloy in as-cast condition and after
different heat treatments [68]
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Heat treatment at 1200°C causes FCC phase to disappear and primarily BCC phase
becomes the major phase with very small fraction of B2 phase. Microstructural studies
suggested that the AICoCrFeNi constitute of mainly two types of regions Al rich dendrite
core (DC) and Fe and Cr rich inter dendritic (ID) regions. Micro hardness of these DC

and ID regions are shown in Table 2.1

Table. 2.1 Micro hardness value of DC and ID phases in AICoCrFeNi [68]

Alloy condition Dendrite Inter
core(DC) [GPa] | dendrite(ID)
[GPa]
As-cast 4.6 5.1
850°C 4.5 6.0
975°C 4.3 4.4
1100°C 4.4 4.5
1200°C 54 55

Zhang et al. [72] have synthesized equi-atomic AlICoCrFeNi alloy using the elemental
mixture in SPS. The elemental powder mixture sintered at 1200°C for 20 min under a
pressure of 30 MPa. The phase evolution studies had shown the formation of FCC, BCC
and small fraction of B2 type structures. The micro hardness was found to be 518 HVN.
These alloys also possess high strength and ductility which is because of the combined
FCC+BCC phase.

Sriharitha et al. [73] synthesized AlCoCuCrFeNi (x = 0.45, 1, 2.5, 5) by MA and
detailed XRD studies on AlyssCoCuCrFeNi and AICoCuCrFeNi revealed the formation

of a three phase microstructure consisting of two FCC and one BCC phases (Fig 2.17).
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However, with increase in Al content, a single B2 phase was observed in
Al,5CoCuCrFeNi and AlsCoCuCrFeNi alloys. Calorimetric studies till 1480°C revealed
two melting peaks in the alloys containing 0.45 and 1 mol of Al. A detailed analysis
based on thermo-physical properties together with DSC and XRD analysis suggest that
these two endothermic peaks correspond to that of Cu-Ni and Fe-Ni FCC solid solutions.
Similarly, the BCC phase present in these alloys has been analyzed as Fe-Cr type solid
solution, which disappears at high temperatures in DSC. Al,sCoCrCuFeNi forms two
phase microstructure when heated in DSC while AlsCoCrCuFeNi retains its B2 structure.
The phases retain their nanocrystallinity even after heating to 1480°C in DSC. The results
of AlsCoCrCuFeNi illustrated that the composition limit (up to 35 at. %) for components
of high entropy alloys proposed need not be a necessary condition. The results also
suggested that the range of 6 parameter to form ordered solid solutions proposed by
Zhang et al. [35] can be extended to higher values.

Further phase evolved in AlCoCuCrFeNi alloy after SPS [74] (Fig. 2.18) suggests that
for Alg4sCoCrCuFeNi and AlCoCrCuFeNi alloys majorly two FCC type phases (F1, F»)
and BCC phase are formed. In the case of Al,5sCoCrCuFeNi alloy forms, two phases
consisting of B2 as a major phase and minor FCC phase were observed while in
AlsCoCrCuFeNi alloys single phase B2 structure was found. Micro hardness

measurements of AlyCoCrCuFeNi HEAs indicate high hardness values ranging from
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Figure 2.17 XRD Pattern of as milled Al,CoCuCrFeNi alloys [73]
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Figure 2.18 XRD Pattern of spark plasma sintered Al,CoCuCrFeNi alloys [74]

410-950 HVN. It was suggested that the higher value of hardness in these alloys are
majorly due to solid solution strengthening and grain size strengthening and the order of
the strengthening increases with increase in Al content. The effect of grain size
strengthening was consider by the Eq. 2.16

Op = Yi_1 00, Cip + Xi—1 ki Cipd /2 (2.16)

Where C; is the composition of i" element in a particular phase, o, and k are materials
constant for friction stress for dislocation movement and strengthening coefficient

respectively, op is the yield strength of a particular phase, and d is the crystallite size.

Studies on the HEASs containing transition element has been carried out in detail. Praveen
et al. [75] studied the synthesis of CoCrFeNi HEAs by MA and SPS. Fig 2.18 shows the
XRD pattern of as-milled, sintered and heat treated (900°C for 600 hours) CoCrFeNi
alloys. Phase studies showed formation of major FCC phase with minor BCC phase after
MA. XRD studies of sintered CoCrFeNi alloy suggested formation of major FCC phase
with the formation of other phases like Cr;C3 and Cr,03. Phase study of heat treated alloy
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at 900°C for 600 hours shows no phase change in comparison to the sintered alloy,
indicating good thermal stability after SPS. TEM bright field image as shown in Fig
2.19mainly constitute of three types microstructure faceted grains (region A), faulted
grains (region B), and fine precipitates (region C). The electron diffraction (ED) pattern
from faceted grain found to have FCC structure, and ED pattern taken from faulted grain

is having an orthorhombic structure (Cr;C3).

B0 thorhombic [22-3]

Figure 2.19 TEM image (left) showing three different grain morphology, and SAD patterns (right)
corresponding to FCC phase (A) and orthorhombic phase (B) and Cr,0O; precipitate [72].

The elemental mapping of as-sintered alloys is shown in Fig 2.20. It can be observed that
smaller precipitates present in the alloy are Cr-O rich, faceted grains are Fe-Co-Ni rich,

and faulted grains are Cr-C rich.
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Figure 2.20 STEM image of as sintered compact and corresponding EDS mapping [72]

Studies showed that grain growth at high temperatures in nanocrystalline CoCrFeNi
alloys is controlled by mainly three factors i.e. Zener pinning effect, long range diffusion
of carbide phase, and cooperative diffusion of elements. Micro hardness test performed
on CoCrFeNi alloy was determined to be 570 HVN. Liu et al. [76] synthesized equimolar
FeCoCrNi alloy by powder extrusion method. Phase studies show formation of single
phase solid solution having a FCC structure (Fig 2.21) peaks with lattice parameter of
359 pm. Yield strength of the FeCoCrNi alloy was revealed to be 359 MPa. The
improvement in the mechanical properties is found to be due to combined effect of solid

solution strengthening and grain boundary strengthening.
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Effect of Fe on near equiatomic AlysCoCrFexNiTigs (x = 0.5, 1, 1.5, 2) [77] synthesized

by vacuum arc melting has been studied. The resulting microstructure for
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AlpsCoCrFegsNiTigs and AlgsCoCrFe;NiTips shows the formation of BCC, FCC, o
phase, and ordered BCC phases. For AlysCoCrFe;sNiTigs and AlysCoCrFe;NiTigs
alloys, the microstructure consists of the FCC, BCC, and ordered phases. Fig 2.22 shows
the hardness of the AlosCoCrFexNiTigs (x = 0.5, 1, 1.5, 2) alloys. It was observed that
hardness decreases from 748 HVN to 399 HVN with increasing Fe content. It can be
suggested from these results that Fe element addition hinders the formation of ¢ phase

and Fe elements act as a FCC stabilizer in case of these alloys.

Effect of Cr addition in AICoCrsFeMogsNi (x =0, 0.5, 1, 1.5, 2) alloys have been studied
by Hsu et al. [78]. Phase evolution studies suggested the formation of majorly ordered B2
phase and tetragonal ¢ phase. It was observed that phase fraction of ¢ phase increases
with the increase in Cr concentration for AICoCrFeMogsNi (x =0, 0.5, 1, 1.5, 2) alloys.
Further, this o phase mainly constitutes of multi-element such as Co-Cr, Fe-Cr, Ni-Mo,
and Fe-Mo phases. The hardness values showed increase the hardness with the increase
in the Cr concentration from 601 HVN (x = 0) to 867 HVN (x = 2). Thus, it can be
concluded from the result that Cr concentration enhances the probability for the
formation of o phase in HEAs. Also, high Cr content had good softening resistance at

elevated temperatures.

Matrix fec
% Cu-rich fee
{111)
; (200) (220) (311)  (222)
_J A 5. IS S
(200) FeCoNiCrCu
ol
n
=
z (111
=
= 311
JJ e
(1) FeCoNiCrCugg
Ju‘ 311)  (222)
) . . . . FeCoNiCr
20 30 40 50 60 70 80 20 100
29 (degree)

Figure 2.23 Phase evolution in FeCoNiCrCu, (x =0, 0.5, 1) HEAs [79]
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Effect of Cu addition in the FeCoNiCrCuy (x = 0, 0.5, 1) HEAs was carried out by Hsu et
al. [79]. Phase studies (Fig. 2.23) showed the formation of majorly FCC phase. Although
with an increase in the Cu content segregation of Cu rich interdendrites was being
observed. The results conclude that the addition of the Cu in the HEAs mostly enhances
the Cu segregation in HEAs . Some other studies on the effect of Cu addition has also

showed similar results [80].

Recently, HEAs with HCP structure had been successfully synthesized. First successful
synthesis of HCP structured HEAs has made by Takeuchi et al. [81] in 2014. The alloy
design was done considering the structures of each constituent elements and their phase
diagrams. Thermodynamic parameter AHpix, 6 and VEC are also calculated for the alloy
design of HEAs. Out of all the possible elements heavy lanthanides YGdTbDyLu and
GdTbDyTmLu alloys have been synthesized by arc melting in argon atmosphere and
repeatedly changing their tops and bottoms upside down, and eventually they were

formed at approximately 12 mm @*5 mm height.

The phase evolution after casting shows the formation of HCP solid solution (Fig 2.24).
Thermodynamic parameters calculated suggest that AHmix= 0 kJ/mol which is due to the
similarity between the elements among the heavy lanthanides. VEC of GdTbDyTmLu
and YGdTbDyLu HEAs have been calculated to be 3, which opposes the criterion that
VEC of the BCC, BCC + FCC, and FCC VEC < 6.87 (BCC), 6.87 <VEC < 8.0 (BCC
+ FCC), and FCC for VEC > 8. Thus, VEC = 3 for the HEAs having a HCP structure
may give a lower limit value of VEC for HEAs with a BCC structure.

Similarly, equiatomic ScYLaTiZrHf HEAs was synthesized via arc melting [82]. The

microstructure evolved was found to be (Sc,Y,La) type and (Sc,Ti,Zr,Hf) type dual HCP

phase.
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Figure 2.24 XRD profiles of (a) YGdTbDyLu and GdTbDyTmLu alloy ingots [81]

Thermodynamic parameter was calculated and the AHpix was found to be 11.4 kJ/mol, 6
= 8.3 and VEC = 3.5. EDS analysis (Fig 2.25) suggests that Sc element plays important
role in the stabilization of HCP structure in ScYLaTiZrHf alloy; also Sc element is
distributed homogeneously in both HCP phases. Segregation of elements is due to the

positive mixing of enthalpy between the binary elements.
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Figure 2.25 Typical SEM image and elemental-maps by EDS of the ScYLaTiZrHf alloy ingot (A)
Yttrium (Y)-Lanthanum (La) rich phase, (B) Titanium (Ti)-Zirconium (Zr)- Hafnium (Hf) rich
Phase [82]

It was suggested that due to this behavior the ScYLaTiZrHf alloy should be considered as
multi principal elements alloys instead of a HEA, as Scons IS not maximized because of the

presence of dual phases.

Further, GdHoLaTbY alloy was synthesized by Zhao et al. [83] by arc melting method.
XRD indicates formation of single hcp phase (Fig. 2.26). The lattice constants (a and c)
and the c/a ratios were found to be a = 0.3658 nm and ¢ = 0.5812 nm, and the c/a ratio is
1.5888.

The hardness of GdHoLaTbY HEA was found to be 96 HVN. As in case of YGdTbDyLu
and GdTbDyTmLu alloys these alloys shows AHpix and VEC to be 0 kJ/mol and 3,
respectively, suggesting that the lower limit of VEC is around 3 to stabilize HCP

structure.
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Figure 2.26 XRD pattern of GdHoLaTbY alloy [83]

2.6 Structure-Property of lightweight high entropy alloys

Lightweight high entropy alloys are also a potential candidate in the application involving
energy efficiency like automobile, aerospace. Lower density can be achieved by alloy
designing and selection of materials in such a way that the synthesized alloys are lower in
density and having remarkable properties. Although there are only few works reported in
the past for development of light weight high entropy alloy. Li et al. [84] synthesized
light weight Mgx(MnAIZnCu);g0.x alloy by casting method. XRD revealed the formation
of Mgo(MnAIZnCu)g alloy (Fig 2.27) simple solid solution phases and complex
intermetallic phases. Thus, only HCP and Al-Mn icosahedral quasicrystal phases were
found in Mgz0(MnAIZnCu)g alloy. The high confusion of atoms in Al-Mn system was
kept by the effect of high entropy of mixing, and the quasicrystal phases were formed in
Mg20(MnAIZnCu)s alloy with a moderate cooling speed. With decrease in the mixing of
entropy, the phases in Mgx(MnAIZnCu)00x alloys were complex. The number of phases
in the alloys except Mgz(MnAIZnCu)g, was increased to 4, which is HCP phase,
icosahedral phase, Mg, and Mg;Zns.
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Figure 2.27 XRD pattern of Mg,(MnAIZnCu),q0.« alloy [84]

Mgx(MnAIZnCu)p0x alloys exhibited high compressive strength (Fig 2.28), but the
plasticity of alloys was bad. The alloys showed brittle behavior except
Mgso(MnAIZnCu)sy alloy, which could be deformed 1.80% plastically. Solution
strengthening and quasicrystal dispersion strengthening were the main strengthening
mechanics of Mgx(MnAIZnCu)i0-x alloys. The effect of solution strengthening was most
significant in Mgz(MnAIZnCu)g, alloy for the maximum entropy of mixing. High
confusion atoms in the alloys were kept by effect of high entropy, and the alloys were
formed as super solid solution. Due to the variation in the atomic radius of components,
the lattice distortion energy is high. Generally HCP structure has few slip systems in the
lattice which causes inferior plasticity in these alloys. As the mixing entropy decreases
with the increase in atomic percentage of Mg, the effect of solution strengthening also
decreases. This might cause improve in plasticity of Mgso(MnAIZnCu)so alloy. The
quasicrystal phases were hard and fine, they were distributed uniformly in base phases,
and the compressive strength of alloys could be enhanced by quasicrystal dispersion
strengthening. According to Fig 2.29, it could be deduced that the effect of quasicrystal

dispersion strengthening was most significant in Mgs3(MnAIZnCu)s; alloy.
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Figure 2.28 Compressive true stress-strain curves of Mg,(MnAIZNnCu)g.« alloys [84]

Mgx(MnAIZnCu)1g0.x alloys exhibited moderate densities (4.29 g/cm® -2.20 g/cm®, Fig
2.30) and high hardness (431 HV-178 HV, Fig 2.28). The high hardness might be caused

by effect of rapid solution and quasicrystal phase.
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Figure 2.29 Densities of Mg,(MnAIZnCu)1go.« Figure 2.30 Hardness of Mg,(MnAIZnCu)1go.«
alloys[84] alloys [84]

Li et al. [85] studied the MgMnAIZnCu HEA prepared by induction melting and then
cast in copper molds in air, water and salt water respectively. The XRD results showed
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that the alloy was composed mainly of HCP and Al-Mn quasicrystal phases. The alloy
exhibits high hardness (431HV-467HV) and high compression strength (428MPa-
450MPa) at room temperature. The alloy was fragile and the strains were from 3.29% to
5.53%.

Chen et al. [86] studied two equimolar alloys, entirely composed of HCP elements,
BeCoMgTi and BeCoMgTiZn, from elemental powders by mechanical alloying. The as
milled powder was characterized to be of amorphous phase (Fig 2.31). The
amorphization processes in these two alloys conform to type Il amorphization [86]. The
inhibition of intermetallic compounds before amorphization is due to chemical
compatibility among the constituent elements in company with high entropy effect and
deformation effect which enhance the mutual solubility. Direct formation of the
amorphous solid solution phase is basically due to the large atomic difference between
the constituent atoms. This mechanism could be a guideline for type Il amorphization of

multi-component alloys.

@ | (®) YcMg A Be

Rl mTi #Co

Intensity {arb. unit)

Intensity (arb. unit)

tx

-

¥
{ . \

144 h M 144N i

20 40 & 8 100 20 40 80 80 100
2 o (degrees) 2 ¢ (degrees)

Figure 2.31 XRD patterns of alloy powders milled with different times (a) BeCoMgTi alloy and (b)
BeCoMgTiZn alloy[86]
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Mg containing SrpoCazYb20Mga0Zny high entropy bulk metallic glasses were also
studied by Gao et al. [87] with high glass formation ability.

Yang et al. [88] studied low density alloys based on the Al-Li-Mg-(Zn, Cu, Sn) system by
induction melting. Densities of these alloys are found to be below 4.23 g/cm®. Phase
study of these alloys (Fig 2.32) suggested the formation of complex microstructure
containing ordered Mg,Sn or Li,MgSn phases in addition to the terminal a-Al, a-Zn, and
a-Sn phases in these alloys. It was suggested that high configurational entropy may not
be a necessary condition to stabilize a solid solution. Also, it was concluded that
electronegativity difference (AX > 0.175) parameter plays an important role in the

formation of intermetallic phase.
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Figure 2.32 XRD patterns of low-density multicomponent alloys. (a) AILiMgZnSn; (b)
AlLiysMgZngsShg, (¢) AlLigsMgZngsCug,; (d) AlLipsMgCugsSng,; (€) AlgLisMgsZnsSns; and (f)
AlgyLisMgsZnsCus alloys [88].
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Youseff et al. [89] synthesized a low density (2.67 g/cm®) AlyLizoMg10ScaoTiso alloys by
cryomilling and conventional sintering. The phase evolution in low N, O contamination
as milled powder was found to be FCC. After compaction and conventional sintering the
microstructure transformed to HCP structure with the hardness of 4.9 GPa. For as milled
powder having a higher N, O contamination the phase evolved after MA was found to
have a FCC structure. Further, annealing at 500°C and 800°C revealed that FCC structure
is retained. Hardness of the alloys annealed at 500°C and 800°C had been found to be 5.9
GPa and 5.75 GPa respectively.
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Figure 2.33 Structure of the AINbTiV alloy in as-cast and homogenized conditions:(a) XRD pattern,
SEM-BSE images (b)as-cast condition;(c) homogenized condition [90].

Typical light weight AINDbTiIV alloys was synthesized by arc melting method in Ar
atmosphere [90]. Density of the alloys was found out to be 5.59 g/cm?®. It was observed
that the density in this case is higher than most of the conventional low density alloys.
The structural and mechanical study of AINbTiV alloys concluded that material can be
considered to be light weight based on the application for which it has been proposed.
Phase studies suggested the formation of single phase solid solution with a BCC
microstructure. Microstructure of AINbTiV alloys had shown that in as cast conditions
both dendritic as well as interdendritic areas are present (Fig 2.33). Although dendritic

structure was removed after the homogenization of alloy at 1200°C for 24 hours in
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vacuum though AINDTIV alloys showed higher hardness of 4315 + 98 MPa and 4394 +
118 MPa in as cast and homogenized condition respectively.

Most recent work on light weight Al,CrFeMnTiy alloys (x = 1, 1.5, 2, 3,and 4; and y =
0.25 and 1) prepared by arc-melting method is reported by Feng et al. [91]. The
microstructure of the alloys (Fig 2.34) exhibits the presence of a BCC phase. Other
phases formed in these alloys were found to be Fe,AlTi-type L2; structure. In case of
Al; sCrFeMnTi and Al,CrFeMnTi alloys additional intermetallic phase (Laves Phase) had
also been formed. In case of AlsCrFeMnTig 25 and Al,CrFeMnTig 25 alloys some complex

phases evolved like AlgCrs type and AlsgsCrigsFess 2 type in addition to BCC phase and

laves phase.
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Figure 2.34 XRD patterns of a series of newly-designed light-weight HEAS: (a) Al oCrFeMnTig 5 (b)
Al oCrFeMnTig 55 (C) AlsgCrFeMnTig,s; (d) AlyoCrFeMnTig s (€) Al sCrFeMnTi and (f)
Al (CrFeMnTi.

It was also reported that lower heat of formation between Al, Ti and transition metals
causes formation of intermetallic compounds in an alloy system. Thus, it is difficult to

synthesize a single phase HEAs containing Al and Ti.
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Until now total number of single-phase light-weight HEAs are limited, having densities

more than 5.5 g/cm®. It was suggested that in coming years the design of light-weight

HEAs can be performed on the basis of selecting the main alloying elements with the

dominant light weight elements such as Ti, Al, or Mg etc. and using high entropy concept

to alter the composition in such a way that strengthening can be maximized [91].

Table 2.2 summarizes the phase evolved, properties and density of different light weight

HEAs synthesized by various methods.

Table 2.2 List of light weight HEAs with processing route, phase evolved, properties and densit

Alloys Synthesis Phases Hardness Yield Compressi | Density | Ref.
Route (HVN) strength | ve strength | (g/cm®)
(GPa) (GPa)
NbVAITI AM BCC 440 12 559 | [92]
NbVZITiAl AM BCC, Laves 540 1.08 121 5.76 [92]
(C14)
NbVZITiAl, 5 AM BCC, Laves 620 - 131 5.50 [92]
(C14), AlZr2
AlLiMgZnSn IM Mg,Sn/Li,MgS - 0.60 - 4.23 | [88]
n, Zn, Al, B-Sn
AlLipsMg IM Mg,Sn/Li,Mg - - - 3.22 [88]
ZNo5SNg 2 Sn
Mgs2(AlZn)4g,
Al
AlLigsMg IM Mgs2(AlZN) 49 - 0.48 - 3.73 | [88]
ZnosCup .2
AlLigsMg IM Mg,Sn/Li,Mg - - - 3.69 |[88]
CuosSng.» Sn, A|CU|\/|g,
B-Sn
AlgoLi5Mg5 IM MgZSn/Lizl\/Ig - 041 - 3.05 [88]
ZnsSns Sn, Al, B-Sn
AlgoLisMgs IM Al, Al,Cu, - 0.48 - 3.08 | [88]
ZnsCus AICU3
Mgso(MnAIZnC | IM HCP, 173 0.34 - 2.20 | [84]
U)so Icosahedral,
Mg, I\/Ig7Zn3
Mgys.s(MnAl IM HCP, - 0.48 - 250 | [84]
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ZnCuU)sq4 Icosahedral,

Mg, Mg-Zn;
Mgs3(MnAIZnC | IM - 0.50 - 2.75 | [84]
U)s7
Mgs3(MnAIZnC | IM HCP, - 0.43 - 3.50 |[84]
U)e7 Icosahedral,

Mg, Mg-Zns
HCP, IM HCP, 431 0.42 - 429 | [84]
Icosahedral, Mg, Icosahedral,
Mg7Zn3 Mg, Mg7Zn;
BeCoMgTi MA Amorphous - - - - [86]
BeCoMgTiZn MA Amorphous - - - - [86]
AlLizoMgig MA + HCP 499 - - 2.67 | [89]
Sc20Ti3o Sintering
AlzoLizoMglo MA + FCC 599 - - 2.67 [89]
ScyoTizo (N,0) Sintering

(500°C)

AINDTIV Casting BCC 448 1.02 1.318 559 | [90]
AlyBexFeln Casting One major 911 - - 391 |[93]
SiisTiss and two minor

phases
Al oCrFeMn AM BCC, L2; - - - 5.87 |[91]
Tio.2s
AlyoCrFeMn AM BCC, L2; - - - 516 | [91]
Tio2s
Al;zoCrFeMn AM BCC, L2, - - - 471 | [91]
Tio.2s AlgCrs-type,

Alsg5Crio3

FE31,2-type
Al oCrFeMn AM BCC, L2, - - - 4.40 |[91]
Tigos AIgCr5-type,

AlsgsCrios

Fes1o-type
Al sCrFeMn AM BCC, Laves, - - - 531 |[91]
Ti L2,
Al, oCrFeMn AM BCC, Laves, - - - 5.06 [91]
Ti L2,

AM-Arc Melting, IM-Induction Melting, MA-Mechanical Alloying
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Thus the literature review concludes that the HEAs are the promising new age material
with exceptional properties and can be the potential candidate for different applications.
Earlier it was supposed that the simple solid solution microstructure in the HEAS is
generally due to the high configurational entropy. But recent work has shown that it is the
enthalpy of mixing and atomic size mismatch rather than configurational entropy which
decides the formation of simple microstructure. The matter of fact is that there is no
single definition which has been decided by scientific community on HEA rather the
definitions provided in the literature are mostly based on composition and microstructure
that gives scientists the flexibility to work. Also, a large number of HEAs were
synthesized by different methods including arc melting, spark plasma sintering and direct
laser fabrication methods which have shown a simple solid solution microstructure and
remarkable properties. Light weight HEAs is one of the most promising areas of research
in energy efficiency. The HEAs can be considered as a light weight if its density is lower
than that of an alloy used for that particular application [94]. Low density HEAs were
synthesized using the elements like Al, Mg and Li. The effect of low density element like
Al has been widely studied and the microstructure varies from solid solution to solid
solution plus intermetallic. Some previous studies on the effect of Ti in HEAs have also
been studied showing a multiphase micro structure. But the effect of varying
concentration of low density Mg and Ca on HEAs has not been studied carefully to
understand the phase evolution and phase transformation at different temperatures.
Moreover the hardness and corrosion properties in Mg containing HEAs have not been
studied in detail so far and structure—property correlation has not been established yet.
Furthermore, the effect of heat treatment is also very much essential to study to establish
materials-structure-process-properties correlation of light weight HEAs.

Thus, based on the literature review it is scientifically and technologically important to
synthesize lightweight HEAs having simple microstructure with superior properties and
cost effectiveness. Hence, the present research work focuses on attempt to synthesize
bulk light weight HEA by choosing the lightest structural element i.e. Mg (p ~ 1.74 g/cc)
along with other alloying elements such as Al (p ~ 2.70 g/cc), Fe (p ~ 7.87 g/cc), Cu (p ~
8.96 g/cc), Cr (p ~ 7.19 g/cc), for the potential application in automobile and/or aerospace
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industry. Moreover, the effect of variation in Mg content has been studied to establish the
materials-structure-process—properties correlation in case of proposed light weight high
entropy alloy system. The composition of Mg is selected on the basis of compositional
definition of HEAs i.e. the constituent elements should be between 5 at. % to 35 at. %.

Furthermore, light weight Ca (p ~ 1.54 g/cc) containing HEAs has also been designed.
Other alloying elements such as Ni (p ~ 8.90 g/cc), Al (p ~ 2.70 g/cc), Mg (p ~ 1.74
g/cc), Fe (p ~ 7.87 g/cc), Cu (p ~ 8.96 g/ce), and Cr (p ~ 7.19 g /cc) were selected on the
basis of the binary enthalpy of mixing between Ca and other alloying elements. In this

case the composition was selected in such a way to make the HEASs lighter.

Thus the main objectives of this work can be outlined as follows:

e Design and Development of light weight HEA powders via mechanical alloying.
e Synthesis of bulk HEA by conventional sintering or spark plasma sintering (SPS).
e Material-Structure-Process-Property correlation for proposed novel high entropy

alloys.

In order to achieve the goals following methodology have been adopted (see Fig. 2.35)
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Figure 2.35 Flow diagram showing methodology for development and characterization of lightweight

HEAs
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Chapter 3
Materials and Methods

This chapter discusses about the materials and methods implemented for the preparation
of light weight HEA.

3.1 Materials Preparation

3.1.1 Preparation of AIFeCuCrMgx (x =0, 0.5, 1, 1.7 mol) HEA powders

The pure metal powders of Al, Mg, Fe, Cu, and Cr (Loba Chemie, India) of purity more
than 99.5% were procured. The powders were mechanically alloyed utilizing
Pulverisette-P6 high energy planetary ball mill (Fritsch, Germany) using a vial and balls
of tungsten carbide. Ball to powder weight ratio was maintained to be around 10:1.
Toluene was used as a process controlling agent (PCA) to prevent excessive cold welding
on the surface of the ball and vial and also provide reducing media during the milling.
The milling was carried out up to 20 hours in a planetary ball mill at 300 RPM. The as-
milled powders were collected after 10 min and then after every 5 hours of milling to
study the phase evolution, and dissolution sequence of each element with respect to the
milling time. Furthermore, the morphology of the as milled alloys powders were

discussed in details.

3.1.2 Spark Plasma Sintering of AIFeCuCrMgy (x =0, 0.5, 1, 1.7 mol) alloys powders
As-milled powders of AlFeCuCrMgy (x = 0, 0.5, 1, 1.7) mechanically alloyed for 20
hours were spark plasma sintered using a FCT system GmbH (Model- HP D25-S1,
CGCRI, Kolkata) using a graphite die. Graphite dies were purchased from Nikunj Eximp.
Entp. P Ltd., Mumbai with the dimension Dia 50 mm X ID 20.4 mm X 40 mm long.
Graphite pinches are had a dimension of Dia 20 mm X 20mm.

The as milled alloy powders were filled in a die cavity having diameter of 20 mm.
Graphite foil was used to prevent the sticking of alloy powders from the die walls.

At first, as milled AIFeCuCrMgy (x =0, 0.5, 1, 1.7 mol) alloys were SPSed at 500°C. The
holding time at sintering temperature, the heating rate and applied pressure were 10 min,

100°C/min and 75 MPa, respectively. Lower temperature (500°C) and higher pressure (75
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MPa) was selected due to lower melting point of Mg and Al elements. The results

showed large fraction of porosity in the microstructure for all the alloys.
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Figure 3.1 Schematic diagram of spark plasma sintering set up [67].
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In general the literature defines sintering temperature to be around 0.7T, to 0.9T, where
Tm is a melting temperature (given by Eg. 2.8) [95]. Thus, sintering temperature for
AlFeCuCr was kept at 800°C. It was interesting to note that for AIFeCuCrMgy (x = 0.5,
1, 1.7) alloy excessive melting was observed at a sintering temperature of 800°C. Thus,
sintering temperature was reduced to 700°C for the magnesium-containing HEAs.
Although for all the alloys the holding time at sintering temperature, the heating rate and
applied pressure were kept to be 5 min, 100°C/min and 50 MPa, respectively. It is to be
noted that in this case the pressure is reduced to 50 MPa to prevent excess of melting at

comparatively higher temperature.

Table 3.1 Theoretical melting temperature of AIFeCuCrMgj alloys

Alloys AlFeCuCr AlFeCuCrMgps | AlIFeCuCrMg | AlFeCuCrMgs 7

Tm (°C) 1570.53 1498.4 1441.0 1377.1

3.1.3 Synthesis of Al, Mg, Ca containing HEAs
Mg-Ca-Al containing HEAs, such as AlMgCaNiCu, (AIMgCa);33(NiCu)es, and

AlMgCaFeCr have been synthesized by mechanical alloying and spark plasma sintering.
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The powders of Al, Mg, Fe/Ni, Cr/Cu of purity 99.5% and Ca of purity 98% (Loba
Chemie, India) are mechanically alloyed for 20 hrs using Pulverisette-P6 high energy
planetary ball mill (Fritsch, Germany)to synthesize AlMgCaNiCu,
(AlMgCa); 33(NiCu)os, and AlMgCaFeCr alloys. Tungsten carbide balls and vials are
used and ball to powder weight ratio was maintained to be around 10:1. Toluene was
used as the process controlling agent (PCA) to prevent excessive cold welding on the
surface of ball and vial. Mechanical alloying was performed at 300 RPM. Further, Spark
Plasma Sintering of AIMgCaNiCu, (AlIMgCa); 33(NiCu)o s, and AIMgCaFeCr alloys were
carried out at the temperatures of 700°C, 600°C and 700°C respectively, based on
theoretical melting point assumptions [95] using a graphite die. The as milled alloy
powders were filled in a die cavity having diameter of 20 mm. Graphite foil was used to
prevent the sticking of alloy powders from the die walls. The holding time at sintering
temperature, the heating rate and pressure were kept to be 5 min, 100°C/min and 50 MPa,

respectively.

Table 3.1 Theoretical melting temperature of AIMgCaNiCu, (AIMgCa); 33(NiCu), s and AIMgCaFeCr

alloys
Alloys AlMgCaNiCu | (AIMgCa); 33(NiCu)os | AIMgCaFeCr
Tm (°C) 1211.4 1081.1 1424.9

3.1.4 Conventional Sintering of AIFeCuCrMgx (x =0, 0.5, 1, 1.7 mol) alloy powders

The as milled AlFeCuCrMgx (x =0, 0.5, 1, 1.7) alloys are conventionally sintered by first
hot compacting in hot press (Kimaya Enginners Pvt. Ltd.) using a tool steel die. The as
milled alloy powders were filled in a die cavity having diameter of 10 mm. The filled-in
die-assembly was placed in the hot press and subjected to heating with an average heating
rate of 7°C/min under a pressure of 100 MPa to a maximum temperature of 250 °C. After
a soaking period of 30min under the constant pressure of 100 MPa, the sample was
naturally cooled down to a temperature of approximately 50°C. Finally the alloy sample
was ejected out from the die and sintered in an electric resistance furnace (Varma
Industrials, Trichur, India) for 4 hours at 900°C in case of AlFeCuCr alloy and 800°C for
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AlFeCuCrMgy (x = 0.5, 1, 1.7) alloys. The temperature was selected considering the

theoretical melting points assumptions and non isostatic nature of sintering.

3.2 Characterization of AIFeCuCrMgy (x =0, 0.5, 1, 1.7 mol) HEAs
Different characterization techniques were used to analyze the phase evolution in

AlFeCuCrMgy alloys. The methods were discussed in subsequent paragraphs.

3.2.1 Density Measurement

Theoretical density has been calculated by the rule of mixture given by Eq. 3.1.

pth = pm. (1-V¢) + pr. Vs (3.1)

where pm and pr are the densities of matrix and filler respectively and Vs is the volume
fraction.

The densities of sintered samples were determined by the Archimedes principle using a
density measurement apparatus and precise weighing balance (Mettler Toledo) with the
accuracy of 0.1mg. Ethanol as a media was used to determine the bulk density of the

alloys. The density was calculated by Eq. 3.2

Pexp: = [Waird (Wair — Wined)] X pmed (3.2)

where W,ir and W are the weight of the sample in air and medium respectively. The

Pmed IS the density of the medium

3.2.2 Phase Evolution Studies

Phase changes from the sintering process were characterized by X-Ray Diffraction
(XRD) using an X’pert Pro (Panalytical, USA) X-ray diffractometer unit with a CuKa (A
= 0.1540598 nm) source. The scan step size and scan time was fixed to be 0.02° and
0.7sec respectively. XRD has been performed to study the phase evolution both after MA
and sintering. Also, lattice parameter, crystallite size and lattice strain were calculated by

using the XRD data. The deconvolution of the overlapped peak is performed by the
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Lorentzian function and instrumental broadening was corrected using single crystal Si

wafer. The crystallite size was calculated by the Scherrer equation given by

K&
- Lcos6

(3.3)

where D is the crystallite size, K is the shape factor (~ 1), A is the X-Ray wavelength, g is
the line broadening, 6 is the Bragg angle.

3.2.3 Microstructure by Scanning Electron Microscopy (SEM)

Microstructure of the as milled alloy powders and sintered alloys were characterized by
using FE-SEM (Nova Nano 450SEM, FEI, North America) operated at 30 kV. The
sample of as milled alloy powders was prepared by dispersing and sticking the powder on
carbon tape and analyzed under SEM. The samples of sintered bulk alloys were prepared
by grinding on a series of bonded abrasive paper (SiC) up to 1200 grit size. Mirror finish
of the alloy surface was obtained by velvet cloth polishing using mixture of alumina
powder (particle size, 1um) and kerosene. Local phase composition was characterized by
energy dispersive X-ray spectroscopy (EDS) detector (Bruker, Germany).The EDS data
were obtained from at least 5 points, and the atomic percentage of each element has been
averaged out.

In addition to above, microstructure of conventional sintered and heat treated alloys were
characterized by W-SEM (Jeol, JSM-6060LA) at ACMS, IIT Kanpur.

3.2.4 Microstructure study by Transmission Electron Microscopy (TEM)

Investigation of the microstructure at the sub-micron scale was conducted by
transmission electron microscopy (TECHNAI 20, FEI, North America) operated at 200
kV. High resolution-TEM, dark field TEM and selected area electron diffraction (SAED)
patterns of as milled alloy powders were analyzed to confirm the crystallite size and
phases present. TEM samples for as milled alloy powders were prepared by ultra
sonicating the milled powders in ethanol for 30 min. Agglomerated particles were
allowed to settle down for 10 min. Then the sample from upper part of the solution was
collected using micropipette and spread onto the carbon coated copper grid. TEM

samples for the bulk alloys were prepared by thinning by mechanical grinding up to 80
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um followed by dimpling and ion milling. Further Scanning Transmission Electron
Microscopy (STEM) was performed and the phase composition at sub-micron level is

investigated by EDS (Bruker, Germany) technique.

3.2.5Thermal Analysis

As-milled powder samples were analyzed up to 950°C with the heating rate of 20°C/min
utilizing PerkinElmer Differential Thermal Analysis (DTA) (Model no.: STA 6000) to
examine the phase stability of the HEAs with respect to temperature. High-temperature
stability of spark plasma sintered samples were determined up to 1000°C by Differential
Scanning Calorimetry (DSC) (Netzsch Model no. DSC 404 F3) with a heating rate of
10°C/minute. Baseline was corrected before acquiring the temperature curve for each
alloy. For all the alloy samples the data were acquired repeatedly for 3 times to check the

reproducibility of the results.

3.2.6 Local Atomic Environment Studies

X-ray Absorption Near Edge Structure (XANES) and Extended X-ray Absorption Fine
Structure (EXAFS) measurements of the as milled alloy powders have been carried out at
room temperature at the Energy Scanning EXAFS beamline (BL-9) in the transmission
mode at the INDUS-2 Synchrotron source (2.5 GeV, 100 mA) at the Raja Ramanna
Centre for Advanced Technology (RRCAT), Indore, India [96, 97]. The beam line
operates in the photon energy range of 4-25 KeV. The beamline optics consists of a Rh/Pt
coated collimating meridional cylindrical mirror used for the collimation of the beam.
The collimated beam is monochromatized by a Si (111) based double crystal
monochromator (DCM). This mirror is used prior to the DCM for the higher harmonic
rejection. Second crystal of the DCM is a sagittal cylindrical crystal, which is used for
horizontal focusing of the beam while another Rh/Pt coated bendable post mirror facing
down is used for vertical focusing of the beam at the sample position. For the data
collection in the transmission mode two ionization chambers of 30 cm length have been
used with appropriate gas pressure. The first ionization chamber measures the incident
flux (lp) and the second ionization chamber is used for the measurement of the

transmitted flux (I;). In order to obtain a proper edge jump the samples were taken in
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powder form of appropriate weight and were palletized to 15 mm diameter by mixing

with 100 mg cellulose.

3.2.7 Contamination determination

O, N contamination has been determined by LECO TC436 Nitrogen/Oxygen analyzer
and C contamination was determined by Horiba EMIA-8100 series combustion analyzer
at M/s JLC Electromet Pvt. Ltd., Jaipur.

3.2.8 Hardness

Vickers hardness measurements were performed by UHL VMHT (Walteruhl GmBH,
Germany) on bulk AlFeCuCrMgy (x=0, 0.5, 1, 1.7) HEAs. The load of 200 gf and dwell
time of 15 sec were applied to take the hardness of the bulk alloys. The hardness is given
by the Eq. 3.3.

Fkgf
HV =0.1891 —
d? [mmz]

(3.3)
where F is the load applied and d is the diagonal of the indentation
Hardness test was performed at 5 different positions in the same alloy to check the

reproducibility.

3.2.9 Corrosion Study

Potentiodynamic polarization measurements of bulk AIFeCuCrMgyx (x = 0, 0.5, 1, 1.7)
alloys were carried out in a typical three-electrode cell setup with the specimen as a
working electrode, a saturated calomel reference electrode (SCE), and a platinum counter
electrode. The potential of the working electrode was measured through the Luggin probe
with respect to the reference electrode which was placed as close as possible to the
specimen. The electrochemical polarization measurements were conducted in aerated
3.5% NaCl solution at 25°C under atmospheric pressure. The specimen was scanned
potentiodynamically at a rate of ImV s—1 from the initial potential of —250 mV versus
open circuit potential to the final potential of 1.6VSCE. Calibration was conducted in

accordance with ASTM standard.
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3.2.10 Functional group analysis by Fourier Transform Infra-Red Spectroscopy
(FTIR)

Infrared (IR) spectroscopy was employed to characterize the corrosion product after
polarization measurement. FTIR spectrometer (Perkin Elmer, Spectrum Two, L160000A)
was used for this purpose. The IR spectrum was acquired from the range of 400 cm™ to
4000 cm™.,

3.3 Heat Treatment of SPSed AlFeCuCrMgy (x =0, 0.5, 1, 1.7 mol) alloys

Heat treatment of the SPSed AlFeCuCrMgx (x = 0, 0.5, 1, 1.7) was performed in an
electric furnace (MTI OTF-1200X-UL, M/s TechnoS Instruments, Jaipur) in Ar
atmosphere. All the alloys were heat treated in three temperature ranges i.e. 470°C, 600°C
and 820°C for 4 hours. These temperature ranges were chosen according to the result
obtained from the thermal analysis and the binary phase diagram of Mg and other
elements. The phase evolution, microstructure and hardness were studied in detail for
heat treated AlIFeCuCrMg; alloys.
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Chapter 4

Synthesis and characterization of AlFeCuCrMg, HEAs by Mechanical
Alloying

Novel AlFeCuCrMgy (x = 0, 0.5, 1, 1.7 mol) alloys were synthesized by mechanical
alloying (MA). The effect of Mg content on the phase evolution of HEAs was
investigated using X-Ray diffractometry (XRD), scanning electron microscopy (SEM),
transmission electron microscopy (TEM) and selected area electron diffraction (SAED)

pattern analysis.

4.1 Characterization of AIFeCuCrMgx (x =0, 0.5, 1, 1.7) alloy powders

In this section phase evolution, particle morphology and composition of HEAs were
thoroughly investigated Thermodynamic parameters were calculated and analyzed to
explain the formation of a solid solution.

4.1.1 Phase Evolution

X-Ray Diffraction pattern of AIFeCrCuMgx (x =0, 0.5, 1, 1.7 mol) HEA powder samples
that were sequentially collected after predecided interval are shown in Fig 4.1.

Fig. 4.1(a) illustrates the phase evolution in the case of AlFeCuCrMgx (X = 0) i.e.
AlFeCuCr HEA where magnesium content was nil. As the milling time a progress, Al
dissolves first consequently peaks of Al completely disappear after 10 hours of milling.
Cu starts to dissolve after 5 hours as indicated by a decrease in the relative intensity.
Further upon milling up to 15 hrs all the elemental peaks vanish except for a small
fraction of Cu. After 20 hours of milling, majorly BCC phase is formed with a small
fraction of Cu (FCC) phase. Therefore, it can be concluded that microstructure of as-
milled AlFeCuCr powder consists of BCC as main phase plus precipitates. Lattice
parameter of BCC phase is determined to be 287.0 pm. Based on XRD pattern analysis
(Fig. 4.1(a)) and the lattice parameter it can be predicted Al, Fe, and partial Cu dissolve
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simultaneously in Cr. The alloying sequence of this quaternary compound during

mechanical alloying is Al, Fe — Cr and Cu is partially dissolved in Cr.
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Figured.1 (a) XRD pattern of as milled AlIFeCuCr alloy as a function of milling time.
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Figure4.1 (b) XRD pattern of as milled AIFeCuCrMgys alloy as a function of milling time.
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Figure4.1 (d) XRD pattern of as milled AIFeCuCrMgj, ; alloy as a function of milling time.

Fig. 4.1(b) shows the phase evolution of AlFeCuCrMgys HEA with respect to milling
time. With an increase in the milling time, peaks of Mg element completely disappear
after 10 hours of milling. Further milling up to 15 hrs all the Al peaks disappeared. After

20 hours of milling time, BCC phase was observed as a major phase with the minor Cu
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(FCC) phase. Lattice parameter of BCC phase was determined to be 288.2 pm. Based on
the XRD pattern and study of lattice parameter it can be concluded that the alloying
sequence of multicomponent AICuFeCrMggs high entropy alloy follows Mg, Al, Fe —
Cr and Cu is partially dissolved in Cr.

Fig. 4.1(c) shows the phase evolution with respect to the milling time in case of
equiatomic AlFeCuCrMg HEA. It is interesting to note that most of the elemental peaks
are present after 5hrs and 10 hrs of milling. As the milling process progresses, the Mg
and Al peaks disappear after 15 hrs. It was observed that Cu peak completely disappears
in an alloy having BCC phase after 20 hrs of milling. The alloying sequence for this
equiatomic HEA can be predicted based on XRD pattern and physical properties of
individual elements as Mg, Al, Cu — Cr or Fe. Also, there exist two BCC phases after 20
hours milling for AlIFeCuCrMg HEA. XRD patterns of HEA having highest magnesium
content i.e. AIFeCuCrMgs 7, with varying milling time is shown in Fig. 4.1(d). It can be
seen that AIFeCuCrMg;; HEA has a similar pattern as AlFeCuCrMg HEA. Alloying
sequence, based on lattice parameters for this alloy, can be suggested as Mg, Al, Cu —
Cr or Fe, which is same as in AIFeCuCrMg HEA. Chen et al. [98] discussed the
relationship between the alloying rate and the melting point of individual elements. It can
be suggested that metal with higher melting point has high bonding strength and has
lower self-diffusion coefficient which leads to the lower alloying rate. Altogether the
alloying rate in the high entropy alloy might be dependent on various factors such as
melting point, self-diffusion coefficient, and the atomic sizes of the individual elements.
Table 4.1 shows the atomic size, melting point, crystal structure, self-diffusion coefficient
and lattice parameter of individual elements that are present in HEAs. In cases of
AlFeCuCr and AlFeCuCrMgos HEAs, all the elements are mostly dissolving in Cr
matrix. Minor FCC phase in these two HEAs is due to the high positive enthalpy of
mixing between Cu and other elements [99]. On the other hand, in the cases of higher Mg
content HEAs such as AlFeCuCrMg and AlFeCuCrMgs 7 it seems that all the elements
are diffusing majorly in Cr lattice and minor in Fe lattice which can be explained due to
high melting point of Cr (1857°C) followed by Fe (1538°C).
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EDS spectra of the as-milled powder are shown in Fig. 4.2.

Table 4.1: Atomic size, Melting point, crystal structure, self-diffusion coefficient and Lattice

parameter of individual elements

Mg Al Cu Fe Cr
Metallic Atomic Size (pm) 160 143 128 | 127 | 128
Melting Point (°C) 650 660 1083 | 1538 | 1857
Crystal Structure HCP FCC |FCC |BCC |BCC
Self-Diffusion Coefficient 10,107 [ 107 [10%" [10°" |10
Standard Lattice Parameter, a (pm) a=320.9 404.94 | 361.5 | 286.6 | 288.3
c=521.1

Table 4.2: Experimentally, Vegard’s law and N-R Method predicted Lattice parameter of as milled
AlFeCuCrMg, (x=0,0.5,1, 1.7).

Lattice Parameter,

Lattice Parameter

Lattice Parameter

Composition a= Vegard’s Law (pm) | N-R method (pm)
dvh? + k? + [2(pm)

AlFeCuCr 287.0 300.1 287.9

AlMgosFeCuCr | 288.2 306.4 288.2

AlMgFeCuCr BCC 1= 288.4 3115 BCC 1= 288.4
BCC 2=286.5 BCC 2= 286.6

AlMg; ;FeCuCr | BCC 1= 288.5 317.0 BCC 1=288.1
BCC 2=286.2 BCC2=285.0
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Figured.2 Elemental composition of 20 hour as-milled powder (a) AlFeCuCr, (b) AIFeCuCrMggs, (C)
AlFeCuCrMg, and (d) AlFeCuCrMg; .

It is clear from the EDS study that the composition of the as-milled powder is very close

to the theoretically calculated composition, confirming good homogeneity even after MA.

4.1.2 Phases Determination and Lattice Parameter

Fig. 4.3 shows the detailed XRD analysis of AIFeCuCrMgy (x = 0, 0.5, 1, 1.7 moles)
HEAs Fig. 4.3(a) and 4.3(b) show the deconvoluted peak of 20 hrs as-milled powders of
AlFeCuCr and AlFeCuCrMgos HEAS respectively. The precise lattice parameter was
calculated by Neilson-Riley method (N-R Method) and was found to be 287.989 pm and
288.226 pm for AlFeCuCr and AlFeCuCrMgo s, respectively (see Table. 4.2).
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Figure4.3 (a) Deconvoluted XRD pattern of as milled AIFeCuCr. (b) Deconvoluted XRD pattern of as
milled AIFeCuCrMgg;s. (c) Deconvoluted XRD pattern of as milled AIFeCuCrMg. (d) Deconvoluted
XRD pattern of as milled AlFeCuCrMg; ;.

It can be seen that there is a little shift in the peak position towards lower 20 for
AlFeCuCrMgo s HEA as compared to AlFeCuCr HEA. Thus, confirming the presence of
tensile stresses in the lattice due to increasing lattice distortion as a result of Mg addition.
In AlFeCuCr and AlFeCuCrMgys HEAs, BCC remains the major phase after 20 hrs of
milling, which may be attributed to the large variation in atomic radius between the
individual elements present in the HEA. Thus, making the BCC structure more

favourable as it has a lower packing efficiency and can accommodate elements with
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higher atomic volume without much distortion[100]. Fig. 4.3(a) and 4.3(b) show the
overlapped peak corresponding to (111) plane, which cannot be indexed due to the

absence of any other consecutive FCC peak.

Figure 4.4 Typical HRTEM and SAED pattern of as milled (a) AlIFeCuCr, (b) AIFeCuCrMggs, (c)
AlFeCuCrMg, and (d) AlFeCuCrMg; ; alloys.

Fig. 4.4(a) and 4.4(b) show the HR-TEM and SAED patterns for AlFeCuCr and
AlFeCuCrMgos HEAS. The interplanar spacing was calculated with the help of HR-TEM
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and SAED pattern which is in support with the XRD results. SAED also confirmed the
formation of BCC as a major phase along with a small fraction of FCC phase (see Fig.
4.4).

Detailed XRD study of AlFeCuCrMg and AlFeCuCrMg;; (Fig. 4.3) revealed that there
are two BCC phases (BCC 1 and BCC 2) present as shown in Fig.4.3(c) and 4.3(d). The
lattice parameter for AIFeCuCrMg HEA is determined to be 288.44 pm, 286. 83 pm for
BCC 1 and BCC 2 respectively. For AIFeCuCrMg; ;7 alloy lattice parameter is 288.14 pm
and 285.02 pm for BCC 1 and BCC 2 respectively (Table. 4.2). It is interesting to note
that the lattice parameter obtained for both the phases formed in AIFeCuCrMgy (x = 1,
1.7) are closely matching to the lattice parameters of Cr (288.3 pm) and Fe (286.6 pm),
which justifies the formation of Cr type and Fe type of BCC1 and BCC2 structures
respectively in AlFeCuCrMgx (x = 1, 1.7). Also, it can be predicted that higher Mg
content results in dissolution of complete FCC and decomposition of two BCC lattices
[101].The dissolution of the FCC can be explained due to increase of potential sites for
Cu to go inside the BCC lattice. Fig. 4.4(c) and 4.4(d) show SAED pattern of
AlFeCuCrMgy (x = 1, 1.7) HEAs. SAED analysis confirmed the formation of two BCC
phases. Interplanar spacing determined from XRD analysis is matched with interplanar
spacing determined from HR-TEM and SAED patterns. Thus, it can be concluded that for
AlFeCuCrMgy (x = 1, 1.7) Fe and Cr act as solvent elements whereas Mg, Al, and Cu
behave like solute elements. The phase fractions of the BCC 2 phase in AlFeCuCrMg and
AlFeCuCrMgs 7alloy have been calculated by Eq. 4.1

BCC 2 Phase Fraction = —2¢¢2 (4.1)

Iscc1tlBcC2

where lgcc 2 is the peak intensity of the BCC 2 phase and lgcc 1 is the peak intensity of
BCC 1 phase.

The amount of BCC 2 phase was determined to be 27.45% and 34.06% for AlFeCuCrMg
and AlFeCuCrMgs 7alloys respectively. Further, Fig. 4.5 shows the variation between
experimentally calculated lattice parameter of major BCC phase and lattice parameter
predicted by Vegard’s law. For all the HEAs, the experimental value of lattice parameter
deviates from the theoretically calculated lattice parameter in a negative direction. For
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AlFeCuCr and AlFeCuCrMgos HEASs the deviations in the experimentally calculated
lattice parameter are due to the presence of minor Cu (FCC) phase. However, in cases of
AlFeCuCrMg and AlFeCuCrMgs -alloy the deviation is due to a decomposition of
another BCC phase (BCC 2). As the concentration of Mg increases, lattice parameter
increases in AlIFeCuCrMgx (x = 0, 0.5, 1 mol) HEAs (Fig. 4.5). It decreases slightly in

AlFeCuCrMg; 7 HEA which may result from some relaxation in lattice parameter due to

a higher percentage of BCC 2 phase.

322 -

282 T T T

0.5 1 _ 1.5
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Figured.5 Variation between experimentally calculate lattice parameter and lattice parameter

predicted by Vegard’s law.

Detailed XRD study and HR-TEM/SAED pattern (Fig. 4.3) of AlFeCuCrMg and
AlFeCuCrMgs 7 alloys revealed that there are two BCC phases (BCC 1 and BCC 2)
present as shown in Fig. 4.3(c) and 4.3(d). The lattice parameter for AlIFeCuCrMg HEA
is determined to be 288.44 pm, 286.83 pm for BCC 1 and BCC 2 respectively. For
AlFeCuCrMg; 7 alloy, the lattice parameter is 288.14 pm and 285.02 pm for BCC 1 and
BCC 2 respectively. The amount of BCC 2 phase was determined to be 27.45% and
34.06% for AIFeCuCrMg and AlFeCuCrMg; 7 respectively.
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4.1.3 Crystallite Size and Lattice Strain

Table 4.3 shows the comparison between the crystallite size of AIFeCuCrMgx (x =0, 0.5,
1, 1.7 moles) obtained from Debye-Scherrer formula, Williamson Hall Method (W-H
method) and TEM dark field images. Dark field TEM image (Fig. 4.6) was obtained by
moving the aperture to the selected portion of (110) diffraction ring. For AlFeCuCrMg
and AlFeCuCrMg; 7 HEA crystallite size of BCC 2 was obtained by moving the aperture
on the (110) plane of BCC2 phase. The bright region in the dark field TEM image shows
the (110) planes oriented normal to the diffraction vector and parallel to the optical axis.
Fig. 4.6 (inset) shows the respective distribution of crystallite size of AIFeCuCrMgy (x =
0, 0.5, 1, 1.7 moles) HEAs, which have been determined by image j software. It can be
clearly seen that for AIFeCuCrMgx(x = 0, 0.5, 1, 1.7 mol) HEAs, the crystallite size
obtained by Willamson Hall (W-H) method is greater than the crystalline size obtained
by TEM dark field image (Table 4.3). The higher value of crystallite size by these
methods is due to the existence of anisotropic variation in the residual strain [102]. The
strain anisotropy effect has been ignored while calculating the crystallite size and strain
which may be the probable reason for the error in the prediction by W-H method. Fig. 4.8
shows the variation in the microstrain in AlFeCuCrMgy (x = 0, 0.5, 1, 1.7 moles) HEASs
calculated by the following formula.

€= Bhk|/4tan9 (4.2)

where B is the full-width half maximum (FWHM)

It is evident that microstrain initially increases with increase in Mg content and then
decreases for AIFeCuCrMg and again increase slightly for AIFeCuCrMgy 7 alloy. It was
interesting to note that while milling of AlFeCuCrMg and AlFeCuCrMg;; HEAs, the
temperature rise was much more than that in cases of AlFeCuCr and
AlFeCuCrMgosalloys which may be due to the exothermic reaction while milling of
higher Mg content HEAs. This increase in temperature tends to relax microstrain (see
Fig. 4.7) [62].
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Thus, AlIFeCuCrMg and AlFeCuCrMg; 7HEA have a much lower value of micro strain
than AlFeCuCr and AlFeCuCrMgos. Slight increase in the lattice strain (0.335%) in
AlFeCuCrMg;; compared to AlFeCuCrMg is due to the Mg-super saturation and

increase in lattice distortion in the lattice of Cr and Fe.

Average Crystallite Size= 5.70 nm
$.D.=2.7985

Average Crystallite Size= 7.11nm
S.D.=5.67

Average Crystallite Size= 5.059 nm
$.0.=333
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Figure 4.6 TEM dark field image of as milled (a) AlIFeCuCr, (b) AIFeCuCrMggs, (c) AlFeCuCrMg,
and (d) AlFeCuCrMgy; HEAs (inset: respective crystallite size distribution).
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Figure 4.7Variation of micro-strain in AIFeCuCrMg, (x =0, 0.5, 1, 1.7 mole) HEAs.
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Table 4.3 Crystalline size by Scherer method and Williamson Hall method dark field TEM image
and the lattice strain of as milled AlFeCuCrMgy (x =0, 0.5, 1, 1.7).

Crystallite Crystallite | Average Strain Strain, W-H
Composition size, size, W-H Crystallite €= method
Scherrer method, size, TEM, | Brk/4tand (%)
Formula, D (hm) D (hm) (%)
D (nm)
AlFeCuCr 12.12 99.0 5.70 0.696 0.633
AlFeCuCrMgos 10.95 86.6 7.11 0.731 0.678
AlFeCuCrMg BCC 1:23.1 BCC 1: BCC 1: BCC 1: BCC 1:
35.1 6.01 0.328 0.169
BCC2:17.0 |BCC2: BCC 2: BCC 2: BCC 2:
628.0 2.60 0.341 0.343
AlFeCuCrMg; 7 BCC 1:29.30 | BCC 1: BCC 1:5.05 | BCC 1: BCC 1:
815 0.335 0.280
BCC 2:38.10 | BCC 2: BCC 2:3.33 | BCC 2: BCC 2:
33.7 0.353 0.185
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4.1.4 Morphology of Alloy Formation

Fig. 4.8(a), 4.8(b), 4.8(c) and 4.8(d) show morphology of the 20 hrs milled powder of
AlFeCuCr, AlFeCuCrMgo s, AIFeCuCrMg, and AlFeCuCrMg; salloys respectively. It can
be clearly seen that as the Mg concentration increases the excessive amount of cold
welding is increased as compared to fracturing. Also, the morphology of as-milled HEA
suggests the formation of a layered structure that results from cold welding and fracturing
[103].

Mechanism of formation of solid solution in case of AlFeCuCr and AlFeCuCrMgos
alloys can be explained in two steps (1) repetitive cold welding and fracturing, (2)
diffusion. It is to be noted that the rate of flattening of Al, Mg and Cu is more than that in
Fe, and Cr. In the initial hours of milling all the elements are combined by the cold
welding and interlamellar spacings of resultant crystal are decreased. As the milling
continues increase in the work hardening of the elements increases the brittleness and
initiates fracturing. Prolonged milling tends to reduce crystallite size which further
reduces interlamellar spacing between the elements up to a level from where diffusion of
the individual atoms starts. Atoms diffuse into the lattice defects of other elements which
are created due to severe plastic deformation resulting in an increase in micro strain (see
Table 4.3) [62, 12]. Although in the cases of AlFeCuCrMg and AlFeCuCrMg;7HEAs
higher content of larger atomic size element (Mg) results in an increase in the
microscopic temperature during milling. Thereby, increasing the number of slip planes in
Mg, which in turn increases the ductility of Mg. As a result overall alloying is delayed
(see Fig. 4.1(c), 4.1(d)) because of excessive cold welding in the initial hours of milling.

Fracturing of the powder particles takes place at much later stages.

Further, higher Mg content results in the formation of supersaturated solid solution by the
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Figure 4.8 Morphology of 20 hour milled (a) AlIFeCuCr, (b) AlIFeCuCrMggs, (c) AlFeCuCrMg, (d)
AlFeCuCrMg; ; HEAs.

diffusion of Mg, Al, and Cu in Cr and/or Fe crystal structure thereby forming two BCC

phases.

4.1.5 Thermodynamic parameters for formation of solid solution
Table 4.4 shows the calculated values of AHpix, 8, and AS¢ons for AIFeCuCrMgy (X = 0,
0.5, 1, 1.7 mol) HEAs.

Table 4.4 Thermodynamic Parameters of AIFeCuCrMg, (x =0, 0.5, 1, 1.7) alloys.

Composition ASconfig Delta AHpnix VEC AX Tm (K) Q ela
(J/mol.K) (0) (kd/mol)

AlFeCuCr 11.52 5.05 0.50 7.0 0.1189 1570.53 | 36.18 | 2.25
AlMgosFeCuCr 13.14 8.05 4.04 6.4 0.1779 1498.42 | 4.87 2.22
AlMgFeCuCr 13.38 9.37 6.24 6.0 0.2056 1441.03 | 3.08 2.2
AlMg; ;FeCuCr 13.15 10.12 7.99 55 0.2247 1377.11 | 2.26 2.17
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Fig 4.9 shows the variation of enthalpy of mixing (AHpix), atomic radii mismatch () and
configurational entropy of mixing (AScns). It can be seen that the enthalpy of mixing
(AHpix) and atomic radii mismatch (9) increase with an increase in the Mg concentration
because of high positive enthalpies between Mg-Cr, Mg-Fe, Cu-Fe and Cu-Cr [104].
AScons INcreases with an increase in Mg content and is maximum for the equiatomic
AlFeCuCrMg HEA. Although it decreases for AIFeCuCrMg;; HEA which is because of
higher Mg concentration that reduces the elemental disorderness. ASco¢ for all

synthesized HEAs by mechanical alloying have the values greater than 11.5 J/mol.K.

It is interesting to note that thermodynamic parameters in AIFeCuCrMgy (x = 0.5,1, 1.7
mol) do not favour the criterion i.e. AS¢ons > 13.38J/K mol, -10kJ/mol < AHpix< 5kJ/mol,
and 6 < 4% for formation of solid solution. Still, in the present case a simple solid
solution is found in all AlFeCuCrMgyx HEAs. The criterion Q>1 which shows the
dependency of configurational entropy and enthalpy of mixing in the formation of solid
solution is very much applicable for AlFeCuCrMgx (x = 0, 0.5, 1, 1.7 mol) high entropy
alloys (see Table. 4.4).

Although, present HEAs are synthesized by MA and the macro level temperature while
MA do not rise to the melting temperature, T, it can be explained while the MA
processing the local microscopic temperature, required for crystal structure change might
have increased due to exothermic reaction occurring during the milling process. Thus
reducing the dominance of high mixing enthalpy helps forming a solid solution to remain
intact at room temperature due to the effect of severe lattice distortion. Thus showing the
dependence of the Q parameter in the formation of a solid solution even when the

synthesis route is MA.
Electronegativity of the AlFeCuCrMgy (x = 0, 0.5, 1, 1.7 mol) HEAs is tabulated in

Table. 4.4. The criterion AX > 0.133 is fulfilled by AlIFeCuCrMgy (x=0, 0.5, 1, 1.7 mol)
HEAs.
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Although the XRD patterns (see Fig. 4.1) do not show any topologically close packed
phase, it proves that the role of electronegativity for the formation of solid solution is not

vital in MAed alloys.

Fig. 4.10 shows the variation between Mg content and VEC for AlFeCuCrMgx (x = 0,
0.5, 1, 1.7 mol) HEAs. It is clear from Fig. 4.10 that as the Mg concentration in
AlFeCuCrMgx HEAsS is increasing the valence electron concentration is decreasing from
7 to 5.5. Number of itinerant electrons (e/a) is also calculated and found out to be
decreasing from 2.25 to 2.17 as the Mg concentration is increasing from 0 to 1.7 at.%
(see Table.4.4). Poletti et al. [50] suggested that stabilization of solid solution is
dependent on the number of the itinerant electron (e/a). Further, the BCC solid solution

only forms for 1.8 < efa < 2.3 [50].
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Figure 4.10 Variation between Mg content and VEC.

As the Mg content increases, the e/a value is lowered (see Table 4.4) promoting the
formation of BCC phase. Hence, it can be concluded that Mg is a strong BCC former.
Also, VEC of AlFeCuCrMgyx HEAs supports the ranges predicted by Guo [48] for the
formation BCC, BCC + FCC and FCC (Fig. 4.10). It can also be observed that minor
FCC phase present in AlIFeCuCr and AlFeCuCrMgo s is due to the fact that VEC of these
HEAs are close to the boundary wall, i.e. VEC = 6.87. It can be concluded that the
boundary wall has shifted toward left at least up to 6.4 mainly because of the presence of
Mg. For AlFeCuCrMg and AlFeCuCrMg; 7, the value of VEC is much lower than the

boundary wall for the formation of FCC system hence minor FCC system vanishes.
4.1.6 Phase transformation of AIFeCuCrMgx alloys
Fig. 4.11 shows the DTA curves for four AlIFeCuCrMgy (x =0, 0.5, 1, 1.7 mol) HEAs. It

can be clearly seen that chosen HEAs are thermally stable up to 500° C, and there is no

substantial phase transformation in this range.
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Figure 4.11 DTA scan of as milled AIFeCuCrMgy (x =0, 0.5, 1, 1.7 mol) HEAs.

DTA curve shows a broad exothermic curve in the range of 25° C to 450°C for
AlFeCuCr, AlFeCuCrMgop s and AlFeCuCrMg HEASs, which is associated with the release
of internal stress introduced by structural deformation and lattice strain. For
AlFeCuCrMg; ; HEAs, there is a presence of an exothermic peak at 602.6°C which is due

to the formation of more stable phase resulting in the release of energy.

4.2 Local atomic structure investigation of AlFeCuCrMgy (x = 0.5, 1, 1.7 mol)
HEAs

In this section local atomic structure of novel AlFeCuCrMgx (x = 0.5, 1, 1.7) high

entropy alloys (HEAs) produced by mechanical alloying and aged for one year in

desiccator was studied by Fe, Cr and Cu K-edge X-ray absorption near edge

spectroscopy(XANES) and extended x-ray absorption fine structure (EXAFS)

spectroscopy.

4.2.1 Fe, Crand Cu K-edge XANES
Figs. 4.12 (a),( b), and (c) show the normalized XANES spectra of the HEA samples
along with that of standard metal foils measured at the Fe, Cr and Cu K-edges
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respectively. Fig. 4.12 indicates that the edge energies in the sample match with that of
the respective metal foils confirming the elemental (0 oxidation) state of the metals in

these alloy samples.
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Figure 4.12 Normalized XANES spectra of the as milled HEAs at (a) Fe K-edge (b) Cr K-edge and (c)
Cu K edge

Furthermore, the XANES spectra of the alloys at the Fe and Cr K-edges resemble that of
the respective metal foils with two bumps in the edge energy region [105]. However, Cu
K-edge XANES spectrum (Fig. 4.12(c)) of the samples, particularly of the low Mg alloy
(AlIFeCuCrMgos), does not resemble with metallic Cu sample completely indicating the

presence of some other phase in this sample.

4.2.2 Fe, Crand Cu K-edge EXAFS
Figures 4.13(a), (b) & (c) show the normalized EXAFS ( . (E) Vversus E ) spectra of the

HEA samples measured at Fe and Cr and Cu K-edges respectively. The analyses of the
EXAFS data have been carried out following the standard procedure[106, 107] using the
IFEFFIT software package[108].

This includes data reduction and Fourier transform to derive the ,(Rr) versus R plots
from the absorption (. (E)versusE) spectra, generation of the theoretical EXAFS

spectra starting from an assumed crystallographic structure and finally fitting of the

experimental 4(Rr) versus R data with the theoretical ones using the FEFF 6.0 code.
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Figure 4.13 Normalized EXAFS spectra of the as milled HEAs at (a) Fe K-edge, (b) Cr K-edge and

(c) Cu K-edge.

The experimental phase uncorrected 5 (R) versus R plots of the samples at Fe, Cr and Cu
K-edges have been shown in Figs. 4.14(a), (b) & (c). The ,(r) versusR data for the

respective metal foils are also shown in the above figures. Fig. 4.14(a) & (b) reveal that
the ,(r)versus R plots of the samples at both the Fe and Cr K-edges are identical to
each other due to their nearby atomic numbers and similar crystal structure. It can also be
seen that the plots at Fe and Cr K edges are identical to that of Fe and Cr metals. This
further suggests that both Fe and Cr have the same kind of local structures as their
metallic state and do not change significantly with a change in Mg concentration in the
HEAs. These results justify the formation of major BCC structures in the as-milled

HEAs. The Fourier transformation of the EXAFS spectra to obtain the ,(r) versus R
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plots has been carried out using a window function in the k -range of 3-11 A™ and the
experimental spectra have been fitted with theoretically generated data in the R range of
1-5 A for both Fe and Cr K-edge data.
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Figure 4.14 Experimental »(R) versus R plots along with the theoretical fitted plot of the as milled
HEAs samples at (a) Fe K-edge, (b) Cr K-edge and (c) Cu K-edge
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XRD results of the samples show the presence BCC as a major phase in these HEAs (Fig.

4.1). Thus, in order to generate the theoretical ,(R) versus R plots BCC structure has

been taken as input structure and various structural parameters have been obtained from
ICSD database [109]. Though it is well known that for such high entropy alloy samples,
each element has the same possibility to occupy the different lattice sites [10], to generate
the theoretical EXAFS spectra we have assumed the BCC structure of 5-prinicipal
element HEA systems (of the type ABCDE) as shown in Fig. 4.15, where the body center
position is occupied by Mg and all the remaining atoms are situated at the corner
positions [10]. In this configuration, Mg atoms form the 1% co-ordination shell of the core
absorbing atom (Fe or Cr) while the atoms sitting at corner positions form the 2" and 3™

coordination spheres.

For fitting of the spectra, amplitudes of the scattering ( NSS ) have been kept fixed for the

different coordination shells for all the samples at a particular edge, while the bond
distances and disorder (Debye-Waller) factors (o2), which give the mean-square
fluctuations in the distances, have been varied during fitting. The goodness of the fit in

the above process is generally expressed by the Rsactor Which is defined as:

-y [IM( 2 gar (1) = 2 (0T + [R(Her (1) = 2 ()T
Iz ()F +Re(zea(F )

Rfactor
where, xq4ar and yun refer to the experimental and theoretical ,(R)values respectively and

Im and Re refer to the imaginary and real parts of the respective quantities.

The best fit theoretical ,(r) versus R spectra of the samples are also shown in Fig.4.14
(a) & (b) along with the experimental data measured at Fe and Cr K edges and the values
of the best fit parameters have been shown in Table 4.5 & 4.6 respectively. Fe K-edge
(Fig 4.14(a)) data show three significant peaks in the ,(R) versus R plots , the 1* peak
at ~2.2A appears little broader which is due to the contributions of 8 nearby Mg atoms at
2.48 A in the 1% co-ordination shell and 2 Al, Cr and Cu atoms each at 2.87 A in the 2™
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co-ordination shell. The 2" peak ~ 3.7 A is due to the scattering from 12 Fe atoms at 4.06
A in the 3" co-ordination shell and the 3" peak at ~4.5A appears due scattering from the
24 Fe and 8 Fe atoms at 4.76 A and 4.97 A respectively. Similar peaks appear also in the
Cr K-edge 4(Rr) versus R plots (Fig. 4.14(b)) and the contributions of the different

scattering paths in the respective peaks are also similar.

The 1% peak is due to the mixed contributions of the nearby 8 Mg atoms at 2.49 A and 2
Al, Fe and Cu atoms each at 2.88 A. The2" peak arises due to scattering from 12 Cr
atoms at 4.07 A and the 3" peak is due to 24 Cr and 8 Cr atoms at 4.78 A and 4.99 A
respectively surrounding the core Cr atom. Fitting of the sample data suggests that the
disorder in the structure increases with an increase in the Mg concentration in the samples
which, however, also increases their entropy and stability. The overall structure of the

sample however remains same over the whole concentration range of Mg.

Tables 4.5 and 4.6 reveal that for the alloy without Mg, the bond distance of the 1% co-
ordination shell is very much close to the theoretical value. However, subsequent to
inclusion of Mg to the lattice, the bond distance of the 1% coordination shell (viz., Fe-Mg
or Cr-Mg) increases and remains almost same over the whole composition range. This
may be due to the smaller atomic radii of Mg (145 pm) than Fe (156 pm) and Cr (166
pm) [110]. This also causes the contraction of other coordination shells (Fe-Fe and Cr-Cr
etc.) which is evident from Table 1. The above results justify the assumed models shown
in Fig.4.15.

4.2.3 Other phases in HEAs

Cu K-edge EXAFS (Fig. 4.14(c)) shows different results from the other two sets of data
which reveals that the local structure around Cu atom is quite different from the Fe and
Cr atoms in the high entropy alloy samples. As can be seen from fig. 4.14(c), the phase
uncorrected Cu K-edge spectrum shows a prominent peak around 1.7 A which is not
present in the metallic Cu and hence has been attributed to some oxide phase present in
the samples.
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Table 4.5 Structural parameters Fe K-edge

Scattering Parameters Alloys
Paths
AlFeCuCrMgos | AlFeCuCrMg, AlFeCuCrMgs 7

Fe-Mgl(Fe) | R(A) 2.68 +0.01 2.67+0.01 2.67 +0.01

(2.485)

o2 0.004 £ 0.001 0.002 + 0.001 0.002 + 0.002
Fe-All RA) 2.71+0.01 2.704 + 001 2.703 £ 0.01

(2.87)

o’ 0.005 £+ 0.004 0.004 + 0.006 0.003 + 0.003
Fe-Crl R(A) 2.71+0.01 2.704 £ 0.01 2.703 £ 0.01

(2.87)

o2 0.001 £ 0.001 0.001 £ 0.001 0.001 + 0.001
Fe-Cul R(A) 2.71+0.01 2.704 £ 0.01 2.703 £ 0.01

(2.87)

o2 0.006 + 0.006 0.002 + 0.002 0.002 + 0.002
Fe-Fel R A 3.96 +£0.04 3.89+0.04 3.89 +0.03

(4.058)

o’ 0.014 +£0.023 0.011 +£0.01 0.011 +0.01
Fe-Fe2 R (A 4.95+0.04 4.95+0.04 4.95+0.04

(4.759)

o2 0.016 + 0.008 0.015+0.01 0.014 £0.01
Fe-Fe3 R(A) 4.96 + 0.05 4,95+ 0.02 4,95+ 0.02

(4.971)

o’ 0.004 + 0.003 0.002 + 0.002 0.002 + 0.003

R 0.009 0.006 0.004

factor
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Table 4.6 Structural parameters Cr K-edge

Scattering Parameters Alloys
Paths
AlFeCuCrMgps | AIFeCuCrMg; | AlFeCuCrMgs 7

Cr-Mg1(Cr) | R(A) 2.69 +0.01 2.69 +0.01 2.69 +0.01

(2.494)

o2 0.007 +0.002 | 0.006 +£0.002 | 0.006 +0.002
Cr-All R (A) 2.74 +0.01 2.74 £0.01 2.74 £0.01

(2.88)

o2 0.001 +£0.004 |0.002+0.006 |0.002 +0.007
Cr-Fel R (A) 2.74 +0.01 2.74 £0.01 2.74 £0.01

(2.88)

o2 0.001 +0.001 [0.001+0.001 |0.0010.002
Cr-Cul R (A) 2.74 +0.01 2.74 +0.01 2.74 +0.01

(2.88)

o2 0.003 £0.002 |0.002+0.002 | 0.002 + 0.002
Cr-Crl R (A) 3.99 +0.02 3.98 £ 0.011 4.01 +0.010

(4.072)

o2 0.014 +£0.015 |0.014+0.019 | 0.015+0.011
Cr-Cr2 R (A) 4.69 +0.03 4.68 +0.03 4.69 +0.02

(4.775)

o2 0.006 +0.004 |0.005+0.004 | 0.005 + 0.004
Cr-Cr3 R(A) 5.07 +0.04 5.07 +0.04 5.04 +0.04

(4.988)

o2 0.002 £0.006 | 0.002+0.006 | 0.002 + 0.006

R 0.025 0.019 0.015
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Figure 4.15 Major BCC structure of the as milled HEAs

Thus, to generate the theoretical ,(r) versus R spectra for the Cu K-edge data a mixed

phase of metallic Cu with the structure shown in Fig. 4.15 and CuO structure have been
taken by giving them a weight factor of X % and (1- X ) % respectively. In this case, the
parameter X has also been varied along with bond length (R) and the Debye-Waller
factor ( & 2) to fit the spectra.

The Cu K-edge spectra are also characterized by the presence of three peaks. The 1% peak
has mixed contributions of the Cu-O (coordination no., CN = 2) and Cu-Mg (CN = 8)
scattering paths at 1.95 A and 2.49 A respectively. The 2™ peak is due to scattering paths
of Cu-Al, Cu-Cr and Cu-Fe (CN = 2 each) at 2.88 A and the 3" peak arises due to the
Cu-Cu scattering paths (CN = 12) at 4.07 A. The best fit theoretical plots for the Cu K-
edge have been shown in Fig. 4.14(c) along with the experimental data while the values
of the best fit parameters have been given in Table 4.7.

In this case, the Cu-Mg bond length in the 1% co-ordination shell decreases with an
increase in Mg concentration in the samples, whereas the Cu-O bond length increases.
The variation of the Cu-Mg distance is found to be opposite to the variation of Fe-Mg and
Cr-Mg distances with the increase in Mg concentration in the samples. This may be due
to the fact that the calculated atomic radius of Mg is same as that of Cu (145 pm) and less
than that of Fe and Cr [110]. However, the bond lengths of the 2" and 3" co-ordination
shells do not show any regular variation with change in Mg concentration. It was
observed that AlFeCuCrMggsalloy contains some fraction of Cu type FCC phase (see
Fig. 4.1(b)) which might have been oxidized to form CuO.
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Table 4.7 Structural parameters Cu K-edge

Scattering | Parameters | Alloys
paths
AlFeCuCrMgps | AIFeCuCrMg; | AlFeCuCrMgs 7

Cu X % 30.88 93.17 81.12
CuO (1- X% 69.12 6.83 18.88
Cu-01 R (A 2.05+ 0.01 2.16 £0.01 2.16 +0.01

(1.951)

o? 0.005+ 0.005 | 0.006 +0.002 0.003 £ 0.001
Cu-Mg1 R (A 2.47 +0.01 2.35 £0.03 2.38 £0.01

(2.494)

o2 0.028 £0.007 | 0.007 +0.004 0.013 +0.002
Cu-All R(A) 2.97£0.01 2.67 +0.05 2.95+0.05

(2.88)

o2 0.03 £ 0.001 0.03 0.001 +0.004
Cu-Crl R (A 2.97 +0.01 2.67 £0.05 2.95+0.05

(2.88)

o? 0.019 +0.0003 0.001 0.028 £ 0.034
Cu-Fel R (A 2.97 + 0.01 2.67 £0.05 2.95 +0.05

(2.88)

o? 0.021 + 0.0003 0.001 0.023 £ 0.023
Cu-Cul R (A 4.13 +0.01 3.94 +0.05 4.07 +0.04

(4.07)

o? 0.03 +0.004 0.005 + 0.006 0.016 +0.015

R 0.0001 0.006 0.008

Also, addition of higher amount of Mg increases the probability of formation of BCC

structure and AlIFeCuCrMgx (x = 1, 1.7) HEAs thus lower fraction of CuO phase forms in
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these alloys. These results are also evident from XANES spectrum as shown in fig.
4.12(c).

Novel AlFeCuCrMgy (x = 0, 0.5, 1, 1.7 moles) HEAs prepared by mechanical alloying.
XRD analysis indicates the formation major BCC phase with minor FCC fraction in
AlFeCuCr and AlFeCuCrMgos HEASs. Although AlFeCuCrMg and AlFeCuCrMg; 7 have
two BCC phases i.e. BCC land BCC 2 as confirmed by XRD, phase fraction of BCC 2 is
found out to be 27.45% and 34.06% for AlFeCuCrMg and AlFeCuCrMg; 7 respectively.
Moreover, calculated thermodynamic parameters suggest that present HEAs do not
follow criterion given for the formation of a single phase solid solution. Moreover, phase
evolution results show that the addition of Mg enhances the probability of formation of
BCC structure. XANES and EXAFS measurements at Fe, Cu and Cr K edges have been
used to study the local atomic structure of AlIFeCuCrMgy (x = 0.5, 1, 1.7) HEAs
synthesized by MA. The bond length distribution determined from Fe and Cr K-edge
EXAFS measurements can be interpreted in favor of the formation of majorly BCC phase
however; Cu K-edge data have shown formation of some copper oxide phases in the
alloys. The fraction of oxide phase is maximum in AlFeCuCrMgos alloy and
substantially decreases for AlIFeCuCrMgy (x = 1, 1.7) HEAs.

Further studies on the bulk HEAs has been performed to understand the phase formation
and the properties of the sintered AIFeCuCrMgx (x =0, 0.5, 1, 1.7) alloy.
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Chapter 5
Spark Plasma Sintering of as milled AlIFeCuCrMg, (x=0,0.5,1, 1.7
mol) HEAs

The as milled AlIFeCuCrMgy alloys were spark plasma sintered. AIFeCuCr was sintered
at 800°C and the temperature was reduced to 700°C for the magnesium-containing alloys
AlFeCuCrMgy (x = 0.5, 1, 1.7 mol) as excessive melting was observed at a sintering
temperature of 800°C. The structure-property relationship has also been proposed by

conventional strengthening mechanisms.

5.1 Structural Evolution of AIFeCuCrMgy HEAs after SPS

In this section phase evolution, microstructure and phase transformation study of the
sintered AlFeCuCrMgy alloy were investigated by X-ray diffraction (XRD), scanning
electron microscopy (SEM), transmission electron microscopy (TEM) and differential

scanning calorimetry (DSC).

5.1.1 Bulk density measurements

In general the sintering temperature may be defined as to be around 0.7Ty, where Tr, is a
melting temperature [95]. Although due to an absence of melting point of these HEAS
initially 800°C was chosen to be the sintering temperature. For AlIFeCuCrMgy (x = 0.5, 1,
1.7) some excessive melting was being observed at 800°C so sintering temperature was
reduced to 700°C.

Table. 5.1 shows the experimental bulk density determined by Archimedes principle and

relative density calculated by image analysis of the sintered alloys.
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Table 5.1 Experimental bulk density and calculated relative density of SPSed AlFeCuCrMg, (x =0,
0.5, 1, 1.7) HEAs.

Composition Sintering Experimental Relative
Temp. Bulk Density Density (%)
(°C) (g/lcm®)

AlFeCuCr 800 6.091 99.6
AlFeCuCrMggs 700 5.790 96.9
AlFeCuCrMg 700 5.367 95.0
AlFeCuCrMg; 7 700 4910 95.8

5.1.2 Phase Analysis of AIFeCuCrMgx HEAS

Fig 5.1 compares the XRD spectra of sintered AIFeCuCrMgx (x =0, 0.5, 1, 1.7) HEAs.
The XRD pattern of AlFeCuCrMgyx HEA (x = 0, Fig. 5.1) sintered at 800°C shows the
formation of BCC phase with a lattice parameter of 290.14 pm and several minor peaks
indicative of o phase (JCPDS: 01-071-7530) having a tetragonal structure and lattice
parameters such as a = 879.66 pm and ¢ = 455.82 pm.The major peak at 44.08° (see
Fig.5.2 (a)) displayed asymmetry and upon deconvolution revealed a second BCC phase
(BCC 2) having a lattice parameter 291.34 pm and phase fraction calculated from relative

intensity was found to be 0.331.

The XRD spectra of AlFeCuCrMgos HEA sintered at 700°C (Fig. 5.1) shows the
formation of an ordered AlFe-type phase (JCPDS: 00-033-0020, lattice parameter, 290.37
pm), Cu,Mg type intermetallic (JCPDS: 00-058-0360, lattice parameter 710.52 pm) and ¢
phase. Detailed analysis and deconvolution of the major peak of AlFeCuCrMgos HEA
revealed the formation of disordered BCC phase (Fig. 5.2(b)) along with the ordered
phase. The disordered BCC phase is having a lattice parameter of 292.07 pm and a phase
fraction of 0.441.
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Figure 5.1 XRD patterns of SPSed AlFeCuCrMgy (x =0, 0.5, 1, 1.7) HEAs.

XRD pattern of AIFeCuCrMg HEA sintered at 700°C (Fig. 5.1) indicates a multi-phase
material consisting of ordered AlFe type phase as the major phase, and Cu,Mg type,
Mg,Cu and o phase as minor constituents. The ordered phase and Cu,Mg have a lattice
parameter of 290. 05 pm and 712.86 pm respectively. Detailed analysis of the major peak
in the XRD spectrum (Fig. 5.2(c)) indicates the presence of a disordered BCC phase
(lattice parameter 290.74 pm, approximate phase fraction 0.503) and Mg,Cu (JCPDS: 01-
078-5939) coinciding with the ordered phase.
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Figure 5.2 Deconvoluted XRD pattern of SPSed (a) AlFeCuCr, (b) AlFeCuCrMggs (x = 0.5), (c)

Up to a molar Mg fraction of 1, an apparent relationship between increasing Mg content
and increasing phase fraction of the disordered BCC phase may be the result of enhanced
randomisation of atomic sites in the lattice favouring the formation of disordered
structure. A further increase in Mg content (x = 1.7) produced a structure composed of an
ordered AlFe phase (289.94 pm), Cu,Mg type phase (715.70 pm), Mg.Cu, ¢ phase and
small amount of undissolved Mg (Fig 5.1). Deconvolution (Fig 5.2(d)) revealed that the
disordered BCC phase (291.37 pm) is of low fraction (0.100) relative to ordered BCC and
Cu,Mg. This low fraction of disordered BCC phase may be explained due to a higher

AlFeCuCrMg (x =1), (d) AlIFeCuCrMg,; (x =1.7) HEAs.

concentration of Mg phase fraction of intermediate phases which increases (Table. 5.2)

92



Table 5.2: Phase fraction, Lattice parameter, Crystalline size and lattice strain of SPSed
AlFeCuCrMg, (x=0,0.5,1, 1.7) HEAs.

Composition Phases Phase Lattice Crystallite Lattice
Fraction | parameter Size (nm) Strain
(pm)
AlFeCuCr BCC 2 0.331 291.34 38.4 0.346
BCC1 0.669 290.14 53.9 0.270
AlFeCuCrMggs BCC 0.441 292.07 26.8 0.458
Ordered 0.527 290.51 37.1 0.260
phase
Cu,Mg 0.031 710.52 - -
AlFeCuCrMg BCC 0.503 290.74 93.1 0.188
Ordered 0.391 289.92 150.4 0.139
phase
Cu,Mg 0.104 712.86 - -
AlFeCuCrMg; 7 BCC 0.100 291.37 - -
Ordered 0.584 289.94 49.8 0.285
phase
Cu,Mg 0.315 715.40 - -

Table 5.2 summarizes XRD analysis conducted including the lattice parameter and phase
fraction of constituent phases, crystallite size and lattice strain in the sintered
AlFeCuCrMgy (x =0, 0.5, 1, 1.7) HEAs. Instrumental broadening was corrected using a

single crystalline Si substrate. Lattice strain, €, was determined by the Eq. 4.2

Lattice parameter (Table 5.2) of AlFeCuCr HEA suggests that the two BCC phases have
lattice parameters close to Fe and Cr, suggesting that these phases have Fe and Cr type
lattices. Table 5.2 depicts that there is a constant relationship between the Mg content and
lattice parameter of Cu,Mg type phase in AlIFeCuCrMgyx (x = 0.5, 1, 1.7) HEAs. As the
Mg content increases the lattice parameter continuously shifts towards a higher value
which suggests the presence of sufficient amount of dissolved Mg in Cu,Mg type phase.
Although, for ordered and BCC phases the effect of an increase in the Mg is not evident
as there is no relationship between lattice parameter of these phases with variation in Mg
content, suggesting that these two phases present in AIFeCuCrMgy (x = 0.5, 1, 1.7) alloys

are same [74].
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5.1.7 Microstructure Characterization of AlIFeCuCrMgyx HEAs

Fig. 5.3(a) shows the back scattered electron (BSE) image and chemical composition
(inset) of AIFeCuCr HEA. Despite the close atomic number of constituent elements, BSE
image revealed the presence of two phases. At lower magnification, white particles were
dispersed uniformly in AlFeCuCr HEA. EDS results show that these white particles are
WC, which results from the contamination from ball mill. Other contaminations such as
O, C and N due to milling media were estimated by oxygen/carbon analyzer was 0.43 wt.
%, 0.67 wt. % and 53 ppm resp. High contamination of carbon is due to the combination

of WC in the microstructure.

The BSE image and chemical composition (inset) of AlIFeCuCrMgoys HEA (Fig. 5.3(b))
shows a microstructure consisting of three regions. Based on compositional analysis the
coarse grains observed (‘2”’) may correspond to AlFe-type ordered BCC phase, the
Cu,Mg phase (‘3”) appears to be a distributed network surrounding the ordered phase,
and Cr-rich grains (‘1) are possibly disordered BCC phase with small amount of o
phase. A white particle dispersion was found to be WC contamination from the ball mill
vials. O, C and N contamination is expected to be 0.32 wt. %, 0.68 wt. % and 201 ppm
resp. A similar microstructure and phase composition was determined for the equimolar
alloy AlFeCuCrMg (Fig. 5.3(c)).

The morphology and distribution of the Mg,Cu phase revealed by XRD in this high-Mg
alloy was not distinguishable in the BSE image. O, C and N contamination is expected to
be 0.25 wt.%, 0.36 wt. % and 255 ppm resp. Increasing the Mg content (AlFeCuCrMgs 7)
produced a microstructure consisting of coarse grains AlFe-type BCC ordered phase (‘1)
surrounded by a network of Cu,Mg phase, with a distribution of Mg,Cu and coarse Cr-
rich BCC phase (Fig. 5.3(d)). O, C and N contamination is expected to be 0.014 wt. %,
0.19 wt. % and 174 ppm respectively. It is to be noted that the carbon detection in all the
HEAs is majorly due to the presence of WC contamination in the as milled alloy powder.
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Figure 5.3 BSE micrograph and EDS analysis (inset) of SPSed (a) AlFeCuCr (x=0), (b)
AlFeCuCrMgg;s (X = 0.5), (c) AlFeCuCrMg (x = 1), (d) AlFeCuCrMg, ; (x = 1.7) HEAs.

5.1.8 Transmission Electron Microscopy

Fig. 5.4(a) shows bright field micrograph of AlFeCuCr sintered at 800°C and associated
SAED pattern is shown in Fig. 5.4(b), which indicate the formation of nanocrystalline
grains of BCC 1, BCC 2 and ¢ phase. A dark field image (Fig. 5.4(c)) was obtained by
moving the aperture to selected portions of the BCC 1 and BCC 2 i.e. (110) diffraction
ring. The distribution of grain size processed from the dark field image by the use of
Image J software is shown in the inset of Fig. 4(c). Crystallite size is determined to be in
the range of 20 nm to 170 nm, and average crystallite size is 32 nm, which is comparable
to that obtained by the Scherrer formula (Table 2). Determining the discrete crystallite

sizes of the BCC 1, BCC 2 and o phases from the dark field image were not possible due
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to the close proximity of the diffraction rings of these phases. Multipoint EDS analysis on
the bright field image performed by exporting in STEM mode indicates the presence of
the three phases (See Fig. 5.5).

(a) 2

—>B(C1,BCC2
»BCC1,BCC2

Figure 5.4 (a) TEM bright field imge of SPSed AlFeCuCr (x =0) HEA, (b) SAED pattern
corresponding to the bright field image ,(c) TEM dark field image of AlFeCuCr (x =0) HEA
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Figure 5.5 STEM image and multipoint EDS analysis of sintered AlFeCuCr (x = 0) HEA.
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Fig. 5.6(a), 5.6(b), and 5.6(c) show the TEM bright field, SAED pattern and dark field
image for AIFeCuCrMgos HEA respectively. The bright field image reveals the
formation of nanocrystalline microstructure in addition to small tetragonal (o) phase
precipitates. SAED pattern (Fig 5.6(b)) reveals the formation of ordered AlFe type
structure, disordered BCC phase, Cu,Mg phase, and ¢ phase. Dark field image (Fig
5.6(c)) was obtained by moving the aperture to the ¢ phase ring and the crystallite size
distribution was determined to be approx. 11 nm. Multipoint EDS analysis (See Fig. 5.7)
revealed the composition of different phases present in AIFeCuCrMggs alloy which is
consistent with the SEM-EDS analysis.
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Figure 5.6 (a) TEM bright field Image of SPSed AlFeCuCrMg,s (x = 0.5) HEA, (b) SAED pattern
corresponding to the bright field image ,(c) TEM dark field image of AlIFeCuCrMggs (X = 0.5) HEA.
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Figure 5.7 STEM image and multipoint EDS analysis of SPSed AlFeCuCrMggs (x =0.5) HEA

Fig. 5.8(A) shows the bright field image and SAED patterns for AlFeCuCrMg HEA
which are characterized by irregularly shaped tetragonal phase precipitates, in a cubic
Cu,Mg type phase (SAED, Fig. 5.8(B-C)). An absence of an orientational relationship
between the Cu,Mg phase and precipitates indicates that the precipitates are incoherent in
nature. Fig. 5.8(D) shows the dark field image of the precipitate phase, which suggests a
size of 20 nm to 150 nm and average precipitate size of 25 nm.
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Figure 5.8 (A) TEM bright field image showing different morphology (B) SAED pattern
corresponding to regiona in TEM image (C) SAED pattern corresponding to region b in TEM image,
(D) TEM dark field image of SPSed AlFeCuCrMg (x = 1) HEA.
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Figure 5.9 STEM image and multipoint EDS analysis of SPSed AlFeCuCrMg (x = 1) HEA.
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Fig. 5.9 shows the STEM image and multipoint EDS analysis of AlFeCuCrMg alloy,

which confirm the formation of tetragonal ¢ type precipitates having high Cr content and

Cu,Mg type phase.
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Figure 5.10 (A) TEM bright field image showing different morphology (B) SAED pattern
corresponding to region ‘a’ in TEM image (C) SAED pattern corresponding to region ‘b’ in TEM
image, (D) TEM dark field image of SPSed AlFeCuCrMg (x = 1.7) HEA.

AlFeCuCrMg; 7 HEA had a similar microstructure having larger (50 nm to 250 nm, Fig.
5.10(A-D)) tetragonal Cr-rich incoherent precipitates of similar composition to those in
AlFeCuCrMg in a cubic Cu,Mg laves phase(Fig. 5.11).
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Figure 5.11 STEM image and multipoint EDS analysis of sintered SPSed AlFeCuCrMg,; (x =1.7)
HEA.

5.1.5 Thermal Analysis

Fig 5.12 shows the heat flux curves over a temperature range of ambient to 1000°C for
the HEAs AlFeCuCrMgx (x =0, 0.5, 1, 1.7). An absence of endothermic or exothermic
peaks was observed for AlFeCuCr, suggesting that there is no phase transformation up to
1000°C. AlFeCuCrMg (x = 0.5, 1) HEAs appears to be having endothermic peaks at
818°C and 885°C respectively. In contrast, the high Mg-containing HEA
(AlIFeCuCrMg; ;) shows to be having two endothermic peaks at 483°C and 888°C.
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Fig 5.12 DSC scan of SPSed AlFeCuCrMgy (x =0, 0.5, 1, 1.7) HEAs.

With reference to the binary phase diagrams for Cu-Mg and Fe-Cr [111], it is noted that
Cu,Mg intermetallic phase has a congruent melting point at 797°C and the o phase
decomposes at 830°C. It is likely that the endothermic peaks in the heat flow curves for
AlFeCuCrMgy (x = 0.5, 1) HEAs is a combined effect of the melting of Cu,Mg and
decomposition of o phase. For the AlFeCuCrMg;HEA, the first endothermic peak
appears to correspond to the melting of a mixture of two phases i.e. a+Mg,Cu phase
(480°C) and the second peak correspond to the melting of Cu,Mg phase. The area under
the endothermic peak suggests that the fraction of Cu,Mg phase increases as the Mg
content increases. The shift in the endothermic peaks in AlFeCuCrMgy (x = 0.5,1, 1.7)
HEASs can be explainedon the basis of EDS analysis which reveals that other elements are

also present in Cu,Mg type phase thus altering the melting point.

5.1.6 Hardness measurement

Vickers hardness measurements were performed on AlFeCuCrMgx (x = 0, 0.5, 1, 1.7)
HEAs with load of 200 gf and dwell time as 15 sec. The results are plotted against Mg-
content in Fig 5.13.
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Fig 5.13 Hardness of SPSed AlFeCuCrMgx (x=0, 0.5, 1, 1.7) HEAs.

A maximum hardness of 853 HVN + 31.5 was attained by AlFeCuCrMggs followed by
the decrease in the hardness value. x = 1.7 HEA had the lowest hardness value of 533 +
17.4 HVN. An empirical relationship between the yield strength (cys) and hardness value
is given by Eq. 5.1[112].

oy (MPa) = 3 X H,(HVN) (5.1)

The yield strength from the above Eq. 5.1 is determined to be 1950 MPa, 2559MPa, 2220
MPa and 1599 MPa for AlFeCuCr, AlFeCuCrMgos  AlFeCuCrMg,
AlFeCuCrMg; 7respectively.

5.1.7 Corrosion properties of AIFeCuCrMgy alloys
The potentiodynamic polarization curves of sintered AlIFeCuCrMgy (x =0, 0.5, 1, 1.7)
alloys in 3.5% NaCl (pH = 8) solution are shown in Fig 5.14.

105



10 1.0
(a) AlFeCuCr (b) AlFeCuCrMg, s
o5 5T

E(V) E(V)

05 / 0.5
a0 _\\\\ -1.0

] -15
P e w0 10 10° 102 100 107 10° 10¢ 10+ 10° 10°
2
1{Amp/Cm?) 1 (Amp/Cm?)
1.0 1.0
?1 (e) AlFeCuCrMg (d) AlFeCuCrMg, ,

05 r

05 ;

E(V) 0
o E(V)
05 |

05 <',£ a0}

-1.0 e -15
108 107 104 10° 10* 107 10¢ 105 10+ 103 102
1 (Amp/Cm?) 1{Amp/Cm?)

Figure 5.14 Potentiodynamic curves for SPSed (a) AlFeCuCr, (b) AlFeCuCrMggs, (c) AlIFeCuCrMg
and (d) AlFeCuCrMg; yHEAs in 3.5% NaCl solution at 25°C.

The average corrosion rates obtained from electrochemical polarization measurements
can be calculated from Eq 5.2 [113]:

3.27 X 10—3 XIgorrX EW

Corrosion rate (mm year™) = ~

(5.2)

where EW is the equivalent weight of the alloy, D is the density of alloy (in g/cm®), and
icor (WA/cmM?) is the corrosion current density of the specimen. Tafel fitting in the
polarization curve was used to determine the value of E¢or and leor. The EW values of
AlFeCuCr, AlFeCuCrMgos, AlFeCuCrMg and AlFeCuCrMg; ; alloys are 53.30, 51.67,
50.06and 48.17 respectively. The electrochemical parameters and corrosion rates for
sintered AlFeCuCrMgy (x =0, 0.5, 1, 1.7) alloys and conventional alloys in 3.5% NacCl
solution are presented in Table 5.3.
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Table 5.3 Dynamic parameters derived from potentiodynamic polarization curves by tafel fit and
corresponding corrosion rate

Composition Ecor (V) leorr (A/cm?) Epit Corrosion Reference
rate
(mm/year)
AlFeCuCr -0.774 0.69 X 10° | -0.233 0.101 Present
Study
AlFeCuCrMgps | -0.791 0.71 X 10° | -0.499 0.112 Present
Study
AlFeCuCrMg -0.812 0.73X10° |-0.523 0.118 Present
Study
AlFeCuCrMg; 7 | -0.872 0.76 X 10° | -0.610 0.123 Present
Study
AZ91D -1.51 0.8 X10° - 0.754 [117]
Al6061 alloy -0.639 5.9 X 10°® - 0.647 [118]

It can be observed that the corrosion potentials (Ecorr) for AIFeCuCrMgy alloys vary from
—0.774V to —0.872V, and the pitting potentials vary from -0.233V to -0.610V. AlFeCuCr
alloy has higher corrosion potential and pitting potential among all specimens. The
corrosion experiments results (Table. 5.3) indicate that the corrosion rate in
AlFeCuCrMgy alloys has a following order AlIFeCuCrMg;; > AlFeCuCrMg >
AlFeCuCrMgos > AIFeCuCr alloy. Thus, AlFeCuCr alloy shows much easier
passivation, and it is more corrosion-resistant in 3.5% NaCl solution. It can be observed
from Table 5.3 that AIFeCuCrMgy alloys showbetter corrosion resistance than
conventional Mg and Al alloys.

Surface examination (Fig 5.15) of the corroded specimen after cleaning with distilled
water shows that all the alloys are having mainly non-uniform corrosion and pitting
corrosion.

The micrographs (Fig 5.15) suggest that in AlIFeCuCrMgy (x =0, 0.5, 1, 1.7) alloys the
corrosion is not uniform rather it is localized, and the corrosion product is scattered over
the surface of the alloys [79, 114]. It can be suggested that this corrosion is a form of

crevice corrosion which results from the formation of concentration cell between the
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electrolyte in the oxygen depleted region and electrolyte in oxygen rich region [115].

Also, some micro pits are being observed which shows the presence of pitting corrosion
in AlFeCuCrMgx (x =0, 0.5, 1, 1.7) alloys.

P

Figure 5.15 Surface appearances of SPSed (a) AlFeCuCr (x = 0), (b) AlFeCuCrMggs (x = 0.5), (c)
AlFeCuCrMg (x = 1), (d) AlIFeCuCrMg; 7 (x = 1.7) HEAs after corrosion study

Further, FTIR was performed to determine the functional groups present on the surface
after polarization experiment. The FTIR spectrum of the AlFeCuCrMgyx alloys after
polarization measurement is shown in Fig 5.16. In case of AlFeCuCr (x = 0) alloy bands
from 450 cm™ to 750 cm™ corresponds to the M-X stretching: M (metal), X (halogen)
(like CuCl). The frequencies at 797 cm™ and 1016 cm™correspond to M-H stretching and
M = O stretching respectively. It is to be noted that bands from the range 1259 cm™ to
1597 cm™correspond to the stretching in linear as well as bent triatomic molecules (like
CuCly). Similarly, for AIFeCuCrMggs (x = 0.5)alloy absorption bands of M-X stretching,
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M-H stretching and stretching in linear (MgH,, and FeH;) as well as bent triatomic

molecules (like AIH, and Mg(OH),) were observed in IR spectrum.
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Figure 5.16 IR spectrum after polarization measurement of SPSed AlFeCuCrMg, HEAS

With increase in the Mg content (x = 1) the bands due to M = O stretching and M-H
bending disappears and predominately the M-X stretching which may be due to
formation of Mg and Cu chlorides, linear molecule stretching like AICI, and FeCl,and M-
H stretching bands due to MgH,, Mg(OH),, and FeH,are present [116]. Similar types of
corrosion product have been formed in the case of AIFeCuCrMgs 7 alloy. It is to be noted
that in the case of AlIFeCuCrMgy (x = 1, 1.7) alloys i.e. higher Mg content HEAs lead to
form MgCl,, MgH, along with diatomic MgCl compounds which results in

predominantly M-X stretching and M-H stretching bands in the IR spectrum.

109



5.2 Thermodynamic parameters and Structure-Property Correlation

In this section, the phase evolution in these alloys has been considered using
thermodynamic parameters, and the structure-property relationship has also been
proposed by conventional strengthening mechanisms.

5.2.1 Thermodynamic considerations in phase formation

The microstructural evolution for AIFeCuCrMgyx (x = 0, 0.5, 1, 1.7) HEAs can also be
explainedon the basis of thermodynamics properties. The enthalpy of mixing (AHpx) Of
binary alloy systems of the constituent elements is presented in Table. 4.4. Due to the
negative enthalpy of mixing between binary elements such as Mg-Cu (-3 kJ/mol) and Al-
Fe (-11 kJ/mol) [104] the formation of compounds between these elements is
thermodynamically more favourable. Thus, major fraction of the microstructure consists
of Cu,Mg and AlFe ordered phase (Fig 5.3 (b), (c) and (d)) in AlIFeCuCrMgy (x = 0.5, 1,
1.7) HEAs. In addition to that Table. 4.4 shows that AIFeCuCrMgx HEAs do not satisfy
the Zhang’s [10] criterion for the formation of simple solid solution; -10 kJ/mol < AHmix
< 5 kJ/mol, and & < 4%. Thus, positive enthalpy of mixing and the large atomic size
difference (8) leads to solid solution plus intermetallic microstructure in AIFeCuCrMgy (X

=0,05,1, 1.7) HEAs (Table 4.4).

Parameters a; and a, were proposed in [43] that considered the effect of atomic size and
lattice distortion on the ability of HEAs to form solid solution phases. o1& apare
calculated using Eq. 2.11 & 2.12 resp.(Chapter 2).

Table.5.4 summarizes the value of parameter a; and op(see Eq. 2.11, 2.12, Section 2.3)
with respect to Mg content for alloys in the present study. For AlFeCuCr and
AlFeCuCrMgyx (x = 0.5, 1, 1.7) HEAs, the values of oy and apfall in the solid solution
region according to [43]. However, it has been shown that these SPS alloys contain
multiple BCC phases and numerous intermetallic phases. Hence, it can be concluded that
az and ay do not explain the evolution of microstructure in case of AIFeCuCrMgx HEAS.
These parameters appear more useful in differentiating between a solid solution and

metallic glass HEA.
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Electronegativity is a tendency of an atom to attract an electron and according to the
Hume-Rothery rules high electronegativity of a solute tends to form intermetallic
compounds. In HEAs, the electronegativity difference is calculated by the composition of
the HEA and not by lattice type (Eq. 2.9)

The role of electronegativity on the phase stability of HEAs was described by Dong et al.
[43] showing that a topologically closed packed (TCP) structure is stable in HEAs where

AX>0.133.

Table 5.4 a;, 0,, Md, in AIFeCuCrMg, HEAs

Composition o a; Md
AlFeCuCr 0.04372 0.01092 1.1287
AlFeCuCrMgos 0.06922 0.01649 1.3263
AlFeCuCrMg 0.08337 0.01993 1.4866
AlFeCuCrMgi7 | 0.09269 0.01977 1.6626

Table. 4.4 summarize the values of AX for alloys in this study, with only AlFeCuCr alloy
having a AX less than 0.133. However, this and all alloys in this study contained TCP
phases. Hence it appears TCP phase stability is inconclusive between AX = 0.1176 to
0.133, as reported by [40]. Although, in AlFeCuCrMgy (x = 0, 0.5, 1. 1.7) HEAs the
phase fraction of TCP increases with the increase in the electronegativity difference from
0.1186 to 0.2247. Thus, it is clear from the results that electronegativity difference plays
an important role is stabilization of TCP phases. The values of Md(see Eq. 2.10, Section
2.3) are shown in Table. 5.4. These values suggest that the formation of TCP are
favourable in AIFeCuCrMgx (x =0, 0.5, 1, 1.7) HEAs.

5.2.2 Microstructural evolution and properties correlation

As-milled AlFeCuCr HEA powder contains BCC phase with a relatively small fraction of
FCC. After sintering the small volume fraction of FCC phase was completely
transformed and two BCC phases have evolved. It is due to supersaturation of all the

elements in the single BCC phase in mechanically alloyed powder which had led to the
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formation of another BCC (BCC 2) phase while sintering. It is interesting to note that
AlFeCuCr alloy forms a nanocrystalline bulk product due to a high heating rate of
100°C/min inherent in the SPS process. The high heating rate does prevent grain
coarsening while achieving high densification. The powder is further consolidated when
kept at the desired sintering temperature by a formation of necks between two particles
[64].

High hardness value (650 HVN) of AlFeCuCr HEA may be attributed to three factors (i)
Grain size strengthening, (ii) Solid solution strengthening and (iii) brittle o- type
tetragonal phase. Grain size strengthening can be calculated by the Hall-Petch

relationship given by Eq 5.3 [74]
op = Xi=1 00 Cip + Xizs ki Cipd ™2 (5.3)

Where C; is the composition of i element in a particular phase, 6, and k are materials
constants for friction stress for dislocation movement and strengthening coefficient
respectively, op IS the yield strength of a particular phase, and d is the crystallite size
(determined by XRD). Accordingly, for the AlFeCuCr alloy, the contribution to hardness
of grain size strengthening is 14 % (yield strength, oy ~ 290 MPa). The contribution of
solid solution strengthening can be determined by the relationship between yield strength
and solid solution effects given by Eq. 5.4 [119]

_ 3.1eGct/?
Yy 700

(5.4)

where, ¢ is an experimental constant, G is the shear modulus of the matrix and c is the
concentration of solute in atomic %. Eq. 5.4 is applicable to conventional alloy systems,
however is less applicable to equiatomic or near equiatomic concentration HEAS. Thus,

for HEASs the yield strength may be related to the solid solution effect Eq. 5.5

_ 31eG Y] ¢Y?

y == (5.5)
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where shear modulus, G for the HEASs is calculated by Voigt-Reuss-Hill bound formula, €
is the lattice strain of the phase (determined from XRD analysis), atomic concentration, c;
is the fraction of elements in i phase (determined from EDS analysis). Hence, the
contribution of solid solution strengthening on hardness is found to be 15% (Yield
strength, oy ~ 297 MPa). The total effect of grain size strengthening and solid solution
strengthening on hardness is 30% (oy ~ 587MPa). It is to be noted that, phase fraction of
WC contamination is found to be 0.08% (ImageJ) for AlFeCuCr alloy. Thus, the
contribution of WC (Hardenss ~ 2400 HVN [17]) contamination was found to be 2.9%
(oy ~ 57.6 MPa). Remaining contribution to hardness is due to brittle ¢ phase and

presence of some contamination in AlFeCuCr alloy.

As-milled powder of AlFeCuCrMgys HEA alloy was composed of Cr type BCC phase
with a small fraction of FCC. New phases evolved during sintering producing a
nanostructured material with 11.5 nm (Fig. 5.6(c)) Cr-rich o type phase in a Cu,Mg type
phase. The evolution of these precipitates is postulated to be via Cr rejection from the as
milled BCC lattice after sintering. This rejection of Cr occurs due to high positive heat of
mixing between Cr-Mg. The grain size effect calculated by Eq. 5.3 contributes
approximately 15% (o, ~ 285 MPa) to the hardness. The contribution due to solid
solution strengthening (Eq. 5.5) and intermetallic phase are determined to be 55% (oy ~

1407 MPa).

The atomic misfit (€) between a particle and a constituent phase along the ¢ axis can be
calculated using Eq. 5.6 [120].

€ = 2 |ap=am| (5.6)

3 am

where, an, is the lattice parameter of the constituent phase, and a, is the lattice parameter
of the precipitate phase. Large strain misfit (e = 0.159) suggests incoherency between the
precipitate and the constituent phase [120]. Also, it was suggested by Holzwarth et al.
[121] that in general, the critical radius of a precipitate required for a transition from

coherency strengthening to the Orowan process is 5.37 nm. Kendig et al. [119] illustrated
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the role of precipitation strengthening of Al-Mg-Sc-Zr alloy by both anti-phase boundary
(APB) and Orowan particle strengthening models given by Egs. 5.7 and 5.8.

3/2 1/2
oapp = (3.1) yb—z (%) (5.7)
Oorowan = (3-1)(0-84‘)(;_1) (5.8)

Where v is the energy required to form APB, b is the Burger vector for moving
dislocation, r is the radius of the particles being cut, fis the volume fraction of particles, A
IS inter-particle distance. APB strengthening mechanism is described for small precipitate
size (< 20 nm) by the cutting of a precipitate by a moving dislocation (APB). With an
increase in the particle size (> 20 nm) the cutting becomes difficult and strengthening in a
solid is due to bowing of the dislocations (Orowans mechanism). In the case of
AlFeCuCrMgos alloys both APB as well as Orowans mechanism is applicable due to
small precipitate diameter. Contribution in hardness due to precipitates hardening is
found out to be 26% (cy ~ 664MPa). Phase fraction of WC contamination is found to be
0.1% for x=0.5 alloy. Thus, contribution of WC contamination in this alloy is 2.8% (oy ~
72 MPa). Overall estimated hardness 804 HVN (o, ~ 2428 MPa) falls below the
experimental hardness value (853 + 31.59 HVN) which may be due to some

contamination or errors in the approximation in the microstructure.

As-milled AlFeCuCrMg and AlFeCuCrMg;7HEAs exhibit a structure composed of two
supersaturated Cr type and Fe type BCC phases. After sintering an ordered AlFe type
phase and Cr-rich precipitates are observed in a Cu,Mg type phase, and the size of Cr-
rich precipitates are larger (~ 150 nm) than the AIFeCuCrMgos HEA. When these HEAS
are sintered at highertemperature, the negative enthalpy of mixing between Mg and Cu
aids the formation of Cu,Mg and Mg,Cu type compounds, and excess of Cr may be
rejected from the lattice. Formation of precipitates in the Cu,Mg phase may be because of
the combined effects of long range diffusion of Cr atoms and sluggish diffusion of Cr

through the Cu,Mg type phase (Ostwald ripening) [75].
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There seems a relationship between the concentration of Mg in these x =1, 1.7 HEAs and
the size of precipitates formed. As the concentration increases the size of Cr-rich
precipitates increases (20-150 nm for x = 1, 50-250 nm for x = 1.7). This phenomenon
may be attributed to a greater amount of Cr rejection from the non-equilibrium as milled
phase with high Mg content because of high positive enthalpy of mixing between Mg and
Cr (24 kJ/mol [104]). Contribution of grain size strengthening, solid solution
strengthening, precipitation strengthening and WC contamination (phase fraction ~
0.03%) in AlFeCuCrMg alloy on hardness is determined to be 18% (o, ~ 399 MPa), 15%
(oy ~ 339 MPa), 50% (1104 MPa) and 0.09% (21.6 MPa) respectively. On the other
hand, AlFeCuCrMg; 7 alloy is not havingnanocrystalline microstructure which may be
due to higher phase fraction of Cu,Mg. Thus, grain size and solid solution contributions
are not calculated due to absence of the crystallite size and lattice strain values
respectively. Although the contribution of hardening due to precipitates by orowans
mechanism is determined to be 7% (cy~129 MPa). It is to be noted that precipitation
hardening due to APB is not included because of larger precipitate size (~ 50 nm). Thus,
the effect of precipitation hardening in x = 1.7 is only due to orowan mechanism resulting

lower hardness in x =1.7 alloy.

Table 5.5 shows the hardness comparison of AlFeCuCrMgyx (x = 0, 0.5, 1, 1.7) HEAs
with commercially used Al Titanium alloys and other HEAs. It can be observed that
AlFeCuCrMgy (x = 0, 0.5, 1, 1.7) alloys have better hardness and specific strength thus
could be considered as a potential candidate for transport applications. Further, studies on
effect of heat treatment and contamination content will provide a complete view of the
potential application of these HEAs.

Thus, to summarize microstructure of bulk sintered AlFeCuCr consisted of two BCC
phases and a small quantity of c-phase. As the Mg content increased from x = 0.5 mol to
x = 1.7 mol, the microstructure was composed of predominately AlFe type ordered
structure, BCC phase, and Cu,Mg laves phase, with metastable Cr-rich o-phase

precipitates.
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Table.5.5 Comparison of hardness, density and specific strength of AlFeCuCrMg, (x =0, 0.5, 1, 1.7)
HEAs with other alloys [122, 123, 124].

Alloys Experimental | Hardness | Density | Specific | Reference
Condition (HVN) (g/cm®) | strength
(MPa)
AlFeCuCrMgx MA followed 533-853 | 6.09-4.91 | 325-442 Present
(x=0,0.5,1,1.7) by SPS Study
Al-7075 Casting 175[122] 2.8 187.5 [122]
Ti-6Al-4V Casting 175- 4.42 118-231 [123]
341[123]
Ti-15V-3Cr-3Sn- Casting 262- 4.76 165-252 [124]
3Al 400[124]
NbVZrTiAl, (x=1, Casting 540-620 | 5.50-4.23 | 294-439 [92]
1.5)
Mgso(MnAIZNnCu)s Casting 173 2.20 235 [84]
Al izoMg10SCa0Tiz0 MA + 499 2.67 560 [89]
Sintering
Al sNb23 g Tizs1Vo45 Casting 448 5.59 240.2 [90]

The formation and growth of Cr-rich precipitates in Cu,Mg phase in case of
AlFeCuCrMgy (x = 0.5, 1, 1.7) HEA is reasoned to be the effect of high positive enthalpy

between the binary elements.

A peak hardness value has been achieved for the AlIFeCuCrMg, s HEA due to a combined

effect of solid solution hardening, grain boundary hardening, and the precipitation

hardening. Fig.. 5.17 shows that the AIFeCuCrMgy alloys have the strengths comparable

to high-density HEAs.
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Figure 5.17 Yield strength versus density diagram [125]

Thus, the detailed study of AlFeCuCrMgx alloys showing high hardness hadbeen
achieved over the density range 6.09-4.91 g/cm® In order to further reduce the density
and synthesize a light weight alloy system some Ca, and Mg containing HEAs were also
synthesized which will be discussed in the next chapter.
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Chapter 6
Synthesis and characterization of Mg, Ca containing HEAs

Three Mg, Ca and Al containing HEAs namely AIMgCaNiCu, (AIMgCa); 33(NiCu)os and
AlMgCaFeCr HEAs were synthesized by MA followed by spark plasma sintering (SPS).
Thermodynamic parameters were conferred with the known criteria for the formation of
solid solution in HEAs. The phase evolution of these HEAs after mechanical alloying
(MA) followed by SPS has been reported here.

6.1 Thermodynamic parameters of the HEAS

Thermodynamic parameters such as AScont, AHmix, atomic size mismatch 3, Valence
electron configuration (VEC) and electronegativity (AX) are shown in Table. 6.1.1t can
be observed that the calculated value of AHpmx for both AIMgCaNiCu, and
(AlIMgCa); 33(NiCu)gs alloys follows the Guo’s criterion for formation of solid solution
(as discussed in Section 2.3) due to the negative enthalpy of mixing between binary
elements such as Ca-Ni, Ca-Cu, and Ca-Mg [95].

Table 6.1 Thermodynamic Parameters of AIMgCaNiCu, (AIMgCa); 33(NiCu)ys and
AlMgCaFeCralloys

Composition ASconfig AHnmix Delta % (9) AX VEC
(J/mol.K) (kJ/mol)

AlMgCaNiCu 13.38 -11.84 17.75 0.350 5.6

(AIMgCa); 33(NiCu)gs | 12.61 -11.10 16.41 0.328 4.0

AlMgCaFeCr 13.38 8.8 17.64 0.293 4.2

On the other hand, & parameter has ahigher value due to the large variation in atomic
radius of individual elements and does not follow the Guo’s criterion. On the other hand,
AHpix, and 6 in case of equimolar AIMgCaFeCr alloy are not following the criterion for
formation of solid solution due to high positive enthalpy between Mg-Fe, Mg-Cr, Ca-Fe,
Ca-Cr [95] and large variation of atomic radius between the individual elements.

Studies suggest that there can be anomalies related with the criterions for formation of
solid solutions in HEAs [101]. Valence electron configuration (VEC) [48] of these HEAS
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suggests the formation of BCC structure. Calculated value of electronegativity (AX)
favours the formation of topologically closed packed structure (TCP) for these HEAS
[40]. Further, phase evolution in the case of all the three alloys has been studied and

correlated with their respective thermodynamic parameters in the next section.

6.2 Phase Evolution after MA

XRD of as milled AIMgCaNiCu HEAs, shown in Fig. 6.1(a) suggests the formation of
major ordered B2 (Lattice parameter, 287.07 pm) phase. Deconvolution of the peaks
revealed the existence of two minor FCC phases (FCC1 and FCC2) with the lattice
parameter of 359.46 pm & 353.45 pm respectively. Crystallite size for B2, FCC1, FCC2
phases is calculated to be 34.6 nm, 6.8 nm, 21.2 nm respectively. Lattice strain was

determined to be 0.309%, 1.507%, and 0.546% respectively.

|0) (AmgCa)q 33Micu)g s F1 FCC 1
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Figure 6.1 XRD pattern of 20hrs mechanically alloyed (a) AIMgCaNiCu (b) (AIMgCa) 1 33(NiCu)gs
HEAs

Further, XRD also reveals the formation of CaO and Ca(OH); in the as-milled powder
suggesting the presence of contaminants after MA which is due to the high reactivity of
Calcium with grinding media and environment [62]. A similar phases are obtained from

as milled (AIMgCa);33(NiCu)os HEA (Fig 6.1(b)) with ordered B2 (lattice parameter,
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286.51 pm), FCCL1 (lattice parameter, 359.00 pm), FCC2 (lattice parameter, 351.21 pm)
microstructure and smaller fraction of CaO, Ca(OH),. Crystallite size of ordered, FCC1,
and FCC2 phase is found to be 31.0 nm, 7.00 nm, and 28.8 nm respectively. Lattice strain
of ordered, FCC1 and FCC2 phase are found to be 0.399%, 1.463%, and 0.424%
respectively. It is interesting to note that the lattice parameter obtained for FCC1 and
FCC2 in AIMgCaNiCu and (AIMgCa);33(NiCu)os HEAs are closely matching to the
lattice parameters of Cu (361.1 pm) and Ni (352.3 pm) suggesting that two FCC phase
(FCC1 & FCC2) formed are Cu type and Ni type.
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Figure 6.2 XRD pattern of 20 hrs mechanically alloyed AIMgCaFeCr HEA

XRD pattern of AIMgCaFeCr alloy (Fig 6.2) shows the formation of single phase BCC
structure (lattice parameter, 287.6 pm). Crystallite size and lattice strain of BCC phase is
found to be 20.6 nm, and 0.556 respectively. A small fraction of CaO phase is also
present in the as milled AlMgCaFeCr alloy. In case of AIMgCaFeCr alloys the lattice
parameters obtained for both the phases formed in AlIMgCaFeCr alloy are closely

matching to the lattice parameter of Cr (288.3 pm) suggesting Cr type of BCC lattice.
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6.3 Structural evolution after sintering

SPS of AlMgCaNiCu, (AIMgCa)1.33(NiCu)os and AIMgCaFeCr alloys was performed at
700°C, 600°C and 700°C respectively based on theoretical melting point assumptions
[92]. It was interesting to note that HEAs are physically disintegrated into powder form
just after removing the graphite cover from the sintered alloy. The images of the sintered
HEAs are shown in Fig. 6.3. Phase analysis of disintegrated samples was carried out by
XRD which is shown in Fig. 6.4. XRD shows the formation of majorly ordered B2 phase
(lattice parameter, 287.7 pm) with several minor phases such as Cu,Mg, CaO, Ca(OH),
and orthorhombic phase (corresponding to complex CaCuMg oxide; JCPDS: 01-075-
2858).

(c) :

Figure 6.3 Micrograph showing the disintegration of sintered (a) AIMgCaNiCu (b)
(AIMgCa)y 33(NiCu)gs (c) AIMgCaFeCr HEAs.
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Similarly Fig. 6.3(b) suggests the formation of major B2 phase (lattice parameter, 285.6
pm) and minor FCC, Cu,Mg, CaO, Ca(OH), and orthorhombic phases. In case of
AlMgCaFeCr alloy (Fig. 6.5) majorly BCC phase (lattice parameter, 287.4 pm) has
evolved after SPS. Several minor phases such as FCC, CaO, Ca(OH),, and orthorhombic
phase (corresponding to complex oxide; JCPDS: 01-075-2858) had also evolved after
sintering in AIMgCaFeCr alloy.
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Figure 6.4 XRD pattern of SPSed (a) AIMgCaNiCu (b) (AIMgCa); 33(NiCu)os HEAS

In all cases phase evolution in these AIMgCaNiCu, (AIMgCa);33(NiCu)os and
AlMgCaFeCr alloys cannot be conferred with the thermodynamic parameters due to the
separation of Ca element as Ca(OH), and CaO from the major microstructure in as milled

and sintered product.
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Figure 6.5 XRD pattern of SPSed AIMgCaFeCr HEA.

6.4 Microstructure Evolution in Ca containing HEAS

The disintegration in case of SPSed AIMgCaNiCu, (AlIMgCa);33(NiCu)os and
AlMgCaFeCr alloys (see Fig. 6.3) may be due to the high reactivity of Ca elements with
the environment. The disintegration of the sintered compact can be understood mainly in
two steps firstly decomposition of Ca(OH), and secondly vaporization of H,O followed
by diffusion of oxygen in milled powder.Ca(OH),is known to decompose and form CaO
and H,O at 580°C [126]. Thus, sintering HEAs at a higher temperature (= 600°C) leads
Ca(OH); in the as milled alloys to decompose to form byproducts CaO and H,0. CaO
being a high melting temperature (~ 2613°C) material does not allow individual particle
of alloy powder to bind with each other at low temperature (in this case ~ 600°C). On the
other hand, other byproduct H,O is vaporized while sintering to form complex CaCuMg
oxide (JCPDS: 01-075-2858) which further does not allows these HEAs to compact while
sintering. Due to a higher concentration of Ca metal in AIMgCaNiCu &
(AIMgCa); 33(NiCu)os HEASs these effects are predominant and result in the physical
disintegration of sintered alloy. Thus, this study suggests that Ca containing HEAs are
difficult to synthesize due to the reactive behavior of Ca. Also, further studies on the
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optimization of process parameters of MA like milling media, selection of PCA are

needed to be done to fully understand and control structural evolution of these alloys.

It can be concluded that an attempt has been made to synthesize Ca containing lighter
HEA system such as AIMgCaNiCu, (AIMgCa); 33(NiCu)os and AIMgCaFeCr by MA and
SPS.XRD analysis indicated the formation of major ordered B2 phase and two FCC
phases (FCC1, FCC2) in AIMgCaNiCu, (AlMgCa); 33(NiCu)os and major BCC phase in
AlMgCaFeCr HEAs. Also, there was presence of a minor fraction of Ca(OH), and CaO
phases. Sintered compacts are physically disintegrated into a powder form. Phase
characterization suggests disintegration is mainly because of Ca(OH), and CaO phases
during MA and sintering. It may also interpreted from the results that we may get rid of
these unwanted species, such as Ca(OH), and CaO, by performing mechanical alloying in
a controlled atmosphere or using a powder of Ca based alloy/compound in place of

elemental Ca powder.
Thus above described results have shifted the focus again to the AlIFeCuCrMgx alloys,

and further conventional sintering was performed on AlFeCuCrMgy alloys to establish

the Materials-Structure-Process-Properties correlation of AIFeCuCrMgyx HEAS.
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Chapter 7

Structural Evolution in Conventionally Sintered AlFeCuCrMgy (x =0,
0.5,1,1.7) HEAs

In this chapter as milled AlFeCuCr and AlFeCuCrMgx (x = 0.5, 1, 1.7) HEAs were
conventionally sintered (based on melting point assumptions as discussed in section
3.1.4) at 900°C and 800°C respectively using electrical resistance furnace at air
atmosphere. The sintered samples were characterized using XRD, SEM, and TEM
techniques. The effect of conventional sintering on Mg-containing HEAs has been
reported in this chapter.

7.1. Characterization of Bulk AlFeCuCrMgx HEAS

7.1.1 Bulk Density Measurement

The theoretical densities and the experimental bulk density are shown in Table 7.1.
Theoretical density has been calculated using the rule of the mixture and the bulk density
is calculated by Archimedes’s principle. Experimental densities are in good agreement
with the theoretical densities, as indicated by the relative density of 93 % to 100%. Also,
relative density based on image analysis is determined for conventionally sintered
AlFeCuCrMgy (x = 0, 0.5, 1, 1.7) HEAs using ImageJ software. Results indicate that
minimum 72 % density has been achieved for AlIFeCuCr alloy and maximum 98%

density has been achieved for AIFeCuCrMg; 7 alloy after sintering.

Table 7.1 Experimental bulk density and calculated relative density of AlIFeCuCrMg, (x =0, 0.5, 1,
1.7) HEAs

Composition Theoretical Bulk Density Relative Relative

Density (g/cm®) (g/cm®) density w.r.t. Density

Theoretical By Image

density (%) analysis (%)

AlFeCuCr 6.28 4.534 72.1 72.8
AlFeCuCrMgo s 5.46 5.117 93.7 96.1
AlFeCuCrMg 4.54 4.369 96.2 96.2
AlFeCuCrMg 7 4.12 4.12 100 98.4
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7.1.2 Phase analysis of AIFeCuCrMgx HEAS
The phase evolved after conventional sintering of AIFeCuCrMgy (x =0, 0.5, 1, 1.7)

alloys has been characterized by XRD and as shown in Fig 7.1.
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Figure 7.1 XRD patterns of AlIFeCuCrMg, (x =0, 0.5, 1, 1.7) HEAs after conventional sintering.

The XRD pattern of AlFeCuCr HEA (x = 0) (Fig 7.1) sintered at 800°C shows the
formation of majorly FCC phase with a lattice parameter of 360.8 pm. In addition to that
minor ordered AlFe type phase is also present in the AIFeCuCr HEA having a lattice
parameter of 286.5 pm. Also, it has been observed from the XRD pattern (Fig. 7.1) that
several minor peaks of the oxide phases Cr,O; (JCPDS: 00-006-0504) having a
rhombohedral structure and lattice parameters a = 495.8 pm and ¢ = 1359.3 pm are
present. Magnified XRD patterns revealed that there are several other small peaks
resembling some other oxide phases such as Al,O3 (JCPDS: 01-070-5679), Fe,O3
(JCPDS: 00-033-0664 ) both having a rnombohedral structure (Fig. 7.2).
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Figure 7.2 Oxide phases in conventionally sintered AlFeCuCr alloy

The XRD spectra of AlFeCuCrMgos HEA (x = 0.5) sintered at 800°C (Fig. 7.1) shows
the formation of an ordered AlFe-type phase (JCPDS: 00-033-0020, lattice parameter,
292.3 pm) and minor Cu,Mg type intermetallic (JCPDS: 00-058-0360, lattice parameter
704.0 pm). Detailed analysis and deconvolution of the major peak of AlFeCuCrMgos
HEA revealed the formation of disordered BCC phase (Fig. 7.3) along with the ordered
phase. The lattice parameter of disordered BCC phase is found to be 292.4 pm and a
phase fraction is determined to be 0.393.
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Figure 7.3 Deconvoluted XRD pattern of conventionally sintered AIFeCuCrMggs (x = 0.5) HEA

XRD pattern of AlFeCuCrMg HEA (x = 1) sintered at 800°C (Fig. 7.1) shows the
formation of multi-phases such as majorly ordered AlFe type phase, Cu,Mg and MgO
phase. The ordered phase and Cu,Mg have a lattice parameter 290.3 pm and 704.77pm
respectively. Detailed analysis of the XRD curve (Fig. 7.4(a)) shows that BCC phase is
present in the AIFeCuCrMg HEA. Lattice parameter of disordered BCC phase found out
to be 288.7 pm. The fraction of BCC phase in x = 1 HEA is found out to be approx.
0.255. It is interesting to note that the fraction of BCC phase is increasing with increase
in Mg content with respect to ordered phase.

Phase evolution of AlIFeCuCrMg; ; HEA (x = 1.7) sintered at 800°C (Fig. 7.1) reveals the
formation of ordered AlFe phase, Cu,Mg lave phase, and MgO phase. The lattice
parameters of ordered phase and Cu,Mg is calculated to be 289.46 pm and 715.68 pm
respectively. Fig.7.4 (b) shows detailed analysis of AIFeCuCrMg; 7 alloy. It can be noted
that disordered BCC phase has formed with lattice parameter 291.99 pm. Also, similar to
the SPSed AlFeCuCrMgs 7 alloy (see Table 5.2), in this case the fraction of disordered
BCC phase is low (0.128). As explained earlier in chapter 5this is due to the higher Mg
concentration that increases the intermediate phases resulting in the decrease in the
disordered BCC phase.
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Figure 7.4 Deconvoluted XRD pattern of conventionally sintered (a) AlIFeCuCrMg and (b)
AlFeCuCrMg; ;HEAS

Table 7.2 shows the phase fraction of constituent phases, lattice parameter, crystallite size
and lattice strain in the conventionally sintered AIFeCuCrMgy (x =0, 0.5, 1, 1.7) HEAs.

Table 7.2depicts that in case of conventionally sintered alloys there is a relationship
between the Mg content and lattice parameter of Cu,Mg type phase in AlIFeCuCrMgy (X
= 0.5, 1, 1.7) HEAs. Mg content increases the lattice parameter of Cu,Mg phase
continuously shifts towards higher value which suggests the presence of sufficient
amount of dissolved Mg in Cu,Mg type phase. Although it can be observed that lattice
parameter value of ordered phase first increases for Mg fraction 0.5 then decreases for
x=1 and again increase for x = 1.7 on the other hand for BCC phase lattice parameter
value for AIFeCuCrMgy (x = 0.5, 1, 1.7) first decreases upto the alloy having Mg mole
fraction 1 and then increases for x = 1.7 alloy.This may be due to the fact that in case of
conventionally sintered alloys as the Mg concentration increases up to x = 1 there occur
structural relaxation/decomposition as well as elimination of defects in the crystal lattice
[127, 128] but in case of x = 1.7 alloy, higher Mg content leads to the high lattice

distortion.
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Table 7.2 Phase fraction, Lattice parameter, Crystalline size and lattice strain of conventionally
sintered AlIFeCuCrMg, (x=0, 0.5, 1, 1.7) HEAs.

Composition Phases Phase Lattice Crystallite Lattice
Fraction | parameter | Size (nm) strain
(pm)
AlFeCuCr FCC 0.724 360.8 42.3 0.326
Ordered 0.270 286.5 35.1 0.364
phase
AlFeCuCrMgos BCC 0.393 292.43 725 0.223
Ordered 0.581 290.55 73.2 0.220
phase
Cu,Mg 0.025 704.06 23.4 0.526
AlFeCuCrMg BCC 0.255 290.30 91.3 0.189
Ordered 0.351 288.86 344 0.375
phase
Cu;Mg 0.251 704.77 68.0 0.232
AlFeCuCrMg; 7 BCC 0.128 291.99 72.7 0.220
Ordered 0.551 289.46 72.7 0.220
phase
Cu,Mg 0.215 715.68 39.0 0.290

7.1.3 Microstructure Characterization of AlFeCuCrMgy (x = 0, 0.5, 1, 1.7 mol)
HEAs by SEM

Fig. 7.5 shows the back scattered electron (BSE) image of AlFeCuCr HEA along with the
EDS analysis of the phases.

Fig. 7.5 confirms that there are two phases present in AlIFeCuCr HEA. EDS analysis
shows that white phase has the high Cu content. So, this phase can be implied as Cu type
FCC structure, and the gray phase is AlFe type ordered structure. At lower magnification,
white particles were dispersed uniformly in AlIFeCuCr HEA. EDS results show that these

white particles are WC, which results from the contamination from ball mill.
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Figure 7.6 BSE micrograph and EDS analysis (inset) of conventionally sintered AlFeCuCrMg,s HEA

Fig 7.6 shows the BSE image and EDS analysis of AlFeCuCrMgos HEA. It can be seen
that the microstructure of AlFeCuCrMgesHEA mainly contains three regions. The dark
grey region (Fig 7.6, region ‘1) which constitutes of ordered phase as well as Cu,Mg
phase and coarse grains corresponding to the Fe, Cr, and Cu-rich phase (Fig 7.6 , region

‘2%). In the third region, Fe-rich smaller grains are being observed in AlFeCuCrMgos
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HEA, which may correspond to BCC phase and a small amount of ¢ phase as observed in
XRD. It is to be noted that some white particles dispersed in the microstructure of
AlFeCuCrMgo s HEA are observed in this case also. The EDS analysis suggests that these
white particles are due to WC contamination as the mechanical alloying has been done in
tungsten carbide vials.

Fig. 7.7 shows the BSE mode microstructure and EDS analysis of AlFeCuCrMg HEA.
As in the case of AlFeCuCrMgos HEA, there are two types of region present in x = 1
HEA. Region ‘1’ i.e. coarse grains and region ‘3’ corresponds to the Fe-rich region thus
might have BCC crystal structure. Region ‘2’ forms a network-like structure and
constitutes of higher Al and Mg contents and has ordered type as well as Cu,Mg type

crystal structure.

Region Al (%)

1 0 98 0 2 0
2 34 12 18 15 21
3 2 88 o 2 7

It is interesting to note that the increase in the Mg content causes the more phase
decomposition (see region ‘1’°, Fig. 7.8) which can be understood because of a high

miscibility gap.
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Figure 7.8 BSE micrograph and EDS analysis (inset) of conventionally sintered AlFeCuCrMg;; HEA

Fig 7.8 shows the BSE-SEM image of AlFeCuCrMg; ;7 HEA. The microstructure of high
Mg content HEA can be described as coarse grains surrounded by a network of another
phase. EDS analysis (Fig 7.8) reveals that coarse grain region in the microstructure is
divided into two parts i.e. region ‘1’ and region ‘2’. Region ‘1’ corresponds to the
ordered type and BCC structure and in region ‘2’ mainly Cu,Mg type of crystal structure
is present. Surrounding these grains is the network of Mg-rich region in AlFeCuCrMg; ;
HEA.

7.1.4 Microstructure Characterization of AIFeCuCrMg,x HEAs by TEM

The sub-micron characterization of AlFeCuCr alloy by TEM could not performed due to
the higher porosity fraction (see Table 7.1) and the presence of high amount of oxide
phases. Nevertheless, the present study is focused to observe the behavior of Mg
concentration on the sub-micron structure in these alloys.

Fig. 7.9(a), (b), (c) shows the TEM bright field, SAED pattern and dark field image for
AlFeCuCrMgo s HEA.

The bright field image (Fig. 7.9 (a)) of AlIFeCuCrMg,s HEA reveals the formation of the
nanocrystalline microstructure of ordered phase, Cu,Mg phase, and disordered BCC
phase. SAED pattern (Fig. 7.9 (b)) reveals the formation of ordered AlFe type structure,
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disordered BCC phase; Cu,Mg laves phase and MgO phase. Bright field image also
reveals the presence of spinodal decomposition in the microstructure (see inset Fig
7.9(a)).

Dark field image (Fig .7.9 (c)) was obtained by moving the aperture to the ordered phase

ring and the crystallite size distribution was analyzed by image j. The average crystallite

size obtained is found to be 38 nm.
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Figure 7.9 (a) TEM bright field Image of conventionally sintered AlFeCuCrMg,s (x = 0.5) HEA and

spinodal decomposition (inset), (b) SAED pattern corresponding to the bright field image ,(c) TEM
dark field image of AlIFeCuCrMggs (x = 0.5) HEA.
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Multipoint EDS analysis of AlFeCuCrMgos HEA was obtained by transforming the
bright field image to the STEM mode. Fig 7.10 shows the composition of different phases
present in AIFeCuCrMgg s alloy.

T
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=

T T T
80 , , ; . Region 3
Region 2

Atomic %

Al Fe cu er Mg Al Fe Cu cr Mg (o]

Figure 7.10 STEM image and multipoint EDS analysis of conventionally sintered AIFeCuCrMggs (X
=0.5) HEA

Fig. 7.11 shows the bright field image and SAED pattern for AIFeCuCrMg HEA. In case
of AlFeCuCrMg HEA bright field image (Fig. 7.11) depicts the formation of
nanocrystalline microstructure as well as micron size grains. Fig. 7.11(a) shows the
SAED pattern for region 1 which corresponds to the cubic Cu,Mg structure and MgO
phase.

Fig. 7.11 shows that the region 2 corresponds to the BCC structure (Fig. 7.11(c)). Fig.
7.12 shows the dark field image of the precipitate phase which suggests that the range of

precipitate sizes is from 10 nm to 130 nm.
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Figure 7.11 (a) TEM bright field image showing different morphology and SAED pattern
corresponding to region 1 (Cu,Mg and MgO) and region 2 (BCC phase) in conventionally sintered
AlFeCuCrMg HEA.
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Figure 7.12 TEM dark field image of conventionally sintered AIFeCuCrMg (x = 1) HEA.

Fig. 7.13 shows the STEM image and multipoint EDS analysis of the precipitates. Results
confirm the formation of BCC phase mainly constituting Fe element, and Cu,Mg laves

phase.

Region 1

" Region 3 Reglon 4

] Al Fe  cu Mg o Al Fe cu cr g

Figure 7.13 STEM image and multipoint EDS analysis of region 1, 2, 3 and 4in conventionally
sintered AlFeCuCrMg (x = 1) HEA.
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Fig.7.14 shows the bright field image and SAED patterns for AIFeCuCrMg; ;7 alloy which
are characterized by irregularly shaped orthorhombic Cr;Csphase precipitates, in a cubic

Cu,Mg type phase (SAED, Fig. 7.14(1-2)). In this case, much of the carbon impurity

Cu,Mg,Mg0
u,Mg,Mg0
u;Mg

MgO
u,Mg,Mg0

Cu;Mg,Mg0

©g2)"

e’ E
(020)

Zone axis: [ 4 0 0]

Figure 7.14 TEM bright field image showing different morphology and SAED pattern corresponding
to region 1 (Cu,Mg, MgO) and region 2 (Cr;C3) in TEM image in conventionally sintered
AlFeCuCrMg,; ; HEA

uptake might have occurred from the atmosphere during sintering. An absence of an
orientation relationship between the Cu,Mg phase and precipitates indicates that the
precipitates are incoherent in nature.

Fig. 7.15 shows the dark field image of the precipitate phase, which suggests the size

range of 10 nm to 150 nm.
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Figure 7.15 TEM dark field image of conventionally sintered AIFeCuCrMg,; (x = 1.7) HEA.

Fig 7.16 shows the STEM image and multipoint EDS analysis, which confirm the

formation of orthorhombic Cr;Cj precipitates and Cu,Mg type phase.
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Figure 7.16 STEM image and multipoint EDS analysis of conventionally sintered AIFeCuCrMg 7 (X
=1.7) HEA.
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It is to be noted that carbide phase (Cr;Cs) is present in AlFeCuCrMg;; which is
attributed to the presence of Cr rich precipitates which pickup carbon very rapidly from
the atmosphere or contaminations while sintering [129] and forming chromium carbide
phase.

7.1.5 Hardness Measurement

Vickers hardness measurements carried out on AlFeCuCrMgy (x =0, 0.5, 1, 1.7) HEAs
plotted in Fig. 7.17
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Figure 7.17 Microhardness of conventionally sintered AlFeCuCrMg, (x =0, 0.5, 1, 1.7) HEAs.

Vickers hardness of AlFeCuCrMgy (x = 0.5, 1, 1.7) HEAs shows maximum hardness of
678 £ 22.5 HVN attained by AlFeCuCrMg; 7 alloy. AlIFeCuCrMg alloy had the lowest
hardness value of 454 + 22.6 HVN.

The yield strength from the Eq. 5.1 is determined to be 1560 MPa, 1809 MPa, 1362 MPa,
and 2034 MPa for AlFeCuCrMgy (x =0, 0.5, 1 and 1.7) respectively.
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7.2 Microstructural Evolution and Structure-Processing-Property correlation

As-milled AlFeCuCr HEA powder contains BCC phase with a relatively small fraction of
FCC. After conventional sintering, primarily FCC phase and minor ordered AlFe type
phases have evolved. This maybe explained due to fact that supersaturated BCC structure
evolved after MA is decomposed to thermodynamically more stable FCC type and
ordered phases. It was seen that in these alloy substantial amount of oxide phases has also
been formed, which is due to the air atmosphere while sintering and high affinity of
oxygen with Al, Cr, and Fe elements. The hardness value of AlFeCuCr alloy may be
attributed to three factors i.e. grain size strengthening, solid solution strengthening and

the oxide phases formed while sintering.

In case of AIFeCuCrMgos alloys mainly constitute of ordered AlFe type phase and the
BCC phase. The ordered phases have been evolved due to more negative heat of mixing
between Al-Fe. Diffraction data suggests that there is a formation of MgO phase in the
microstructure of AlFeCuCrMgos alloys due to oxygen uptake during sintering. It is
interesting to note that positive heat of mixing and a miscibility gap between elements in
these alloys have resulted in the small fraction of decomposition of different Cu, and Cr-
rich regions in the microstructure. This canbe understood by the mechanism of spinodal
decomposition which may be explained as an atomic level mechanism by which a
metastable single solid solution phase of different elements can be made
thermodynamically more stable by phase segregation [130]. The necessary condition for
the stability of dissimilar mixture is that the curvature of Gibbs free energy, G, of a phase
must increase with respect to the concentration thus implying that 92G/ax*> 0, at a given
temperature. If this condition is not seen then the mixture will decompose. Thus, a
metastability limit can be defined as a spinodal, where 92G/dx* = 0 [130, 131]. Spinodal
decomposition involves compositional modulations of the local composition of the phase
with wavelength, A, in the range 2 < A <5 nm [132].

Thus, microstructural studies suggest that hardness value of AlFeCuCrMggsalloy can be
mainly attributed to three factors (i) grain size strengthening, (ii) solid solution

strengthening and (iii) spinodal hardening [119].
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Grain size strengthening can be calculated by the Hall-Petch relationship as shown in Eq.
5.3. The effect of grain size strengthening cannot be calculatedwith respect to the phase
formed due to the phase decomposition of Cu, Mg, and Cr elements. Thus, in this case,
the contribution of grain size strengthening is being calculated by considering the total
concentration of the solute phase in AlFeCuCrMgos alloy. Accordingly, for the
AlFeCuCrMgg 5 alloy, the contribution to the hardness of grain size strengthening is 8%
(yield strength, oy ~ 135 MPa).

The contribution of solid solution strengthening (Eq. 5.5) on hardness of AIFeCuCrMgg s
alloy was calculated to be 5.8 % (Yield strength, 6, ~ 105 MPa). Spinodal hardening also
has a contribution in the hardness in AlIFeCuCrMggs alloys. Several models have been
proposed for explaining the yield strength in the alloys, which mostly suggest the
dependencies on compositional fluctuation, A and wavelength of compositional
fluctuation, A [133, 134]. It has been proposed that not all spinodal alloys show
crystallographic alignment due to lower elastic strain [131].In the case of AlIFeCuCrMgg s
alloy, although the microstructure does not show any crystallographic alignment the
strengthening due to the Orowan looping mechanism seems to be more favourable due to
the small segregations of Cr, Cu-rich regions. Cahn et al. [135] determined that in the
case of strengthening by Orowan mechanismthe yield strength is proportional to (A/A%)"3,
Also, presence of contamination and MgO phase plays a major part in the strengthening

in AlFeCuCrMggs alloy.

As-milled AlFeCuCrMg HEA exhibits a structure composed of two supersaturated Cr
type and Fe type BCC phases. After sintering primarily an ordered AlFe type phase,
disordered BCC phase and Cu,Mg phase were observed. TEM studies revealed that there
are some regions in the microstructure where there is decomposition of Fe, Cr, and Cu-
rich phases (see Fig. 7.12). These observations suggest that as in the case of
AlFeCuCrMgg;s alloy this alloy too shows the spinodal decomposition mechanism in the
microstructure. However, in AIFeCuCrMg alloy there is much higher miscibility gap
compared to AlIFeCuCrMgo s alloy due to the increase in Mg concentration, which results

in larger scale of decomposition of the Fe, Cr and Cu regions. Also, there is a formation
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of MgO phase due to the uptake of oxygen while conventional sintering. For
AlFeCuCrMg alloy, the grain size effect contributes approximately8% (oy ~ 121 MPa) to
the hardness. The contribution due to solid solution strengthening (Eq. 5.5) and
intermetallic phase are determined to be 5% (o, ~ 68 MPa). Rest of the strengthening is

due to the combined effect of spinodal hardening, contamination, and MgO phases.

Apart from AIFeCuCrMgx (x = 0.5, 1) alloys it is interesting to note that in the case of
conventionally sintered AlFeCuCrMgi; alloy precipitation takes place instead of
decomposition. Primarily ordered AlFe type phase, Cu,Mg phase and disordered BCC
phase and MgO phase have evolved after sintering. It is to be noted that Cr;Cs
precipitates are observed in a Cu,Mg type phase in this alloy. It can be explained due to
negative enthalpy of mixing between Mg and Cu, which aids the formation of Cu,Mg
compounds, and excess of Cr may be rejected from the lattice. C and O uptake may have
occurred from the atmosphere and contaminations present while sintering. The precipitate
size was found to be in the range from 20 nm to 150 nm. Contribution of grain size
strengthening, solid solution strengthening, and precipitation strengthening in
AlFeCuCrMgs 7 alloy on hardness is determined to be 8% (o, ~ 161 MPa), 62 % (cy ~
1270 MPa), and 5 % (100 MPa) respectively. It is to be noted that in this case Orowan
particle strengthening is considered due to larger precipitate size. Remaining
strengthening in AIFeCuCrMg; 7 alloy may be due to the contamination and formation of
MgO phase.

The formation of precipitates in higher Mg concentration (x = 1.7) compared to lower Mg
concentration may be explained on the basis of diffusion mechanism. As SPSed x = 1.7
alloy, in case of conventionally sintered AIFeCuCrMg;; alloy due to higher phase
fraction of Cu,Mg formation of precipitates is due to the combined effects of long range
diffusion of Cr;C; precipitates and sluggish diffusion of Cr;Csthrough the Cu,Mg type
phase (Ostwald ripening). Although in the case of AlIFeCuCrMgy (x = 0.5, 1) alloys due
to lower concentration of Mg and lower fraction of Cu,Mg phase suppress the effect of

Ostwald ripening and decomposition is favored due to miscibility gap.
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It is interesting to note that the hardness values in case of conventionally sintered
AlFeCuCrMgy (x = 0, 0.5, 1) alloys is lower than the hardness obtained after SPSed
AlFeCuCrMgx (x = 0, 0.5, 1) which may be attributed to the spinodal decomposition
[133]. This result in reduced severe lattice distortion effect in the HEAs which in turn
leads to the inferior properties of the conventionally sintered alloys compared to SPSed
alloys [9]. The decomposition of the phase is due to two primary reasons after
conventional sintering i.e. longer time period given to sintering which enables the
elemental atoms to segregate and result in high immiscibility gap between elements. On
the other hand, in SPS the sintering time is substantially lower, which results in
nanocrystallinity of the alloys and severe lattice distortion in the phases formed [66]. In
case of AIFeCuCrMg; 7 alloys the higher hardness value (678 + 22.5 HVN) compared to
the SPSed AlFeCuCrMgs 7 alloys (533 + 17.4 HVN) may be explained on the basis of

precipitation hardening and higher contamination of O and C in the lattice structure.

Therefore, this part of studies concludes that the phase evolved after conventional
sintering of AlFeCuCr consists of majorly FCC phase with minor fraction of ordered
AlFe type phase, Al,O3, Cr,03 and Fe,O3 phase. As the Mg content increased from x =
0.5 mol to x = 1.7mol, the microstructure was primarily composed of AlFe type ordered
structure, BCC phase, and Cu,Mg lavesphase and MgO phase. Sub-micron
characterization of AlFeCuCrMgx (x = 0.5, 1) alloys shows the presence of spinodal
decomposition in the microstructure. However, in case of AlFeCuCrMg;; alloys, the
microstructure characterization shows that Cr;C; precipitates have evolved in a Cu,Mg
phase and the microstructure does not constitute of spinodal decomposition. Except for
AlFeCuCrMg; 7 alloy the microhardness values in case of AlIFeCuCrMgy (x =0, 0.5, 1)
alloys is being lower compared to hardness achieved after SPSed alloys. Thus, further
heat treatment of SPSed samples have been carried to see the effect of temperature in
AlFeCuCrMgy (x =0, 0.5, 1, 1.7) alloys
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Chapter 8
Heat Treatment of Spark Plasma Sintered AlFeCuCrMg, HEAs

In this chapter, the heat treatment of SPSed bulk AIFeCuCrMgx (x =0, 0.5, 1, 1.7) alloys
was carried out at 470°C, 600°C and 820°C for 4 hrs in an argon atmosphere to study
phase stability of alloys with respect to temperature. The heat treated alloys were
characterized by using XRD, SEM, and TEM techniques. Hardness testing of the sintered

samples was performed using micro hardness tester.

8.1 Phase Evolution

8.1.1 Phase Evolution after Heat Treatment of AlFeCuCrMgx HEAS

The phase evolved after heat treatment at 470°C for AlFeCuCrMgy (x =0, 0.5, 1, 1.7) has
been characterized by XRD and is shown in Fig 8.1
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Figure 8.1 XRD patterns of AIFeCuCrMg, (x =0, 0.5, 1, 1.7) HEAs after heat treatment at 470°C.

As in case of spark plasma sintered alloy the phase evolution after heat treatment at
470°C in Ar atmosphere for 4 hrs shows the formation of BCC phase with a lattice

parameter of 290.14 pm and several minor peaks indicative of ¢ phase (JCPDS: 01-071-
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7530) having a tetragonal structure (lattice parameters such as a = 879.66 pm and ¢ =
455.82 pm). The major peak at 43.95° (see Fig.5.2 (a)) displayed asymmetry and upon
deconvolution revealed a second BCC phase (BCC 2) having a lattice parameter 290.9
pm and FCC phase with the lattice parameter 358.0 pm has evolved. The phase fraction
for BCC 2, BCC 1 and FCC phase is calculated to be 47%, 17%, and 34% respectively.
Similarly, in the case of AlFeCuCrMggs alloy, the major phases present are ordered AlFe
type phase, and Cu,Mg type disordered BCC phase and ¢ phase. Also, a detailed analysis
suggests that there is a small fraction of FCC (lattice parameter, 358.3 pm) present after
heat treatment at 470°C.

For Mg-containing alloys i.e. AIFeCuCrMgy (x = 1, 1.7), the phase evolved after heat
treatment was found to be similar to the phases formed after SPS (Chapter 5). Multi-
phase microstructure in the alloys constitutes of ordered AlFe type phase as the major
phase, Cu,Mg type, Mg,Cu,disordered BCC phase (lattice parameter 290.74 pm,
approximate phase fraction 0.503), and o phase. It is to be noted that as Mg content
increases the phase fraction of Cu,Mg laves phase also increases.

Table 8.1 summarizes XRD analysis conducted including the lattice parameter and phase
fraction of constituent phases, crystallite size and lattice strain in the sintered
AlFeCuCrMgy (x = 0, 0.5, 1, 1.7) HEAs. Instrumental broadening was corrected using a

single crystalline Si substrate. Lattice strain, €, was determined by the Eq. 4.2.

It is interesting to note that the nanocrystalline structure of the alloys is intact even after
the heat treatment for 4 hours suggesting that SPS is effective technique to
synthesizenanocrystalline materials. As compared to the SPSed alloys the lattice
parameters of Cu,Mgphase is decreased after heat treatment which may be due to
relaxation of the internal stresses present in the lattice after SPS. In this case too there is
no relationship between the lattice parameter and phase fraction of the BCC phase in
comparison to the SPSed alloys which suggests that BCC phase is not containing Mg

element.
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Table 8.1 Phase fraction, Lattice parameter, Crystallite size and lattice strain of heat treated
AlFeCuCrMg, (x=0,0.5,1, 1.7) HEAs.

Composition Phases Phase Lattice Crystallite Lattice
Fraction | parameter Size (nm) Strain
(Pm)
AlFeCuCr BCC 2 0.34 292.6 38.4 0.346
BCC1 0.47 290.9 53.9 0.270
FCC 0.17 358.0 26.6 0.461
AlFeCuCrMgos BCC 0.44 288.6 18.9 0.598
Ordered 0.47 286.6 21.5 0.536
phase
Cu,Mg 0.03 698.3 15.4- 0.737
AlFeCuCrMg BCC 0.29 291.5 24.6 0.488
Ordered 0.58 288.6 13.8 0.786
phase
Cu,Mg 0.12 706.1 9.7- 1.116-
AlFeCuCrMgs 7 BCC 0.37 287.7 - -
Ordered 0.40 286.7 51.7 0.274
phase
Cu;Mg 0.22 707.40 90.6 0.198-

The phase evolved after heat treatment at 600°C for 4 hours in Ar atmosphere is shown in
Fig. 8.2

It can be observed that the phase evolution after heat treating AIFeCuCrMgx (x = 0, 0.5,
1, 1.7) alloys is same as in case when heat treated at 470°C. XRD have confirmed the
formation of two BCC (BCC 1 and BCC 2) type and FCC type structure in AlFeCuCr
alloys. For AlFeCuCrMgos alloy, ordered AlFe type phase as the major phase, and
Cu,Mg type, disordered BCC phase, o phase and FCC phase (lattice parameter, 356.7
pm) have evolved. On the other hand, ordered AlFe type phase as the major phase, and
Cu,Mg type, Mg,Cu, disordered BCC phase, ¢ phase are formed in case of
AlFeCuCrMgy (x =.0.5, 1, 1.7) alloys.

Table 8.2 summarizes XRD analysis conducted including the lattice parameter and phase
fraction of constituent phases, crystallite size and lattice strain in the sintered
AlFeCuCrMgy (x =0, 0.5, 1, 1.7) HEA.
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Figure 8.2 XRD patterns of AIFeCuCrMg, (x =0, 0.5, 1, 1.7) HEAs after heat treatment at 600°C.

Table 8.2 Phase fraction, Lattice parameter, Crystalline size and lattice strain of AIFeCuCrMgy (x =
0,0.5, 1, 1.7) HEAs after 600°C.

Composition Phases Phase Lattice Crystallite Lattice
Fraction | parameter Size (nm) Strain
(pm)
AlFeCuCr BCC 2 0.34 288.9 84.1 0.199
BCC1 0.55 288.1 84.1 0.198
FCC 0.10 356.4 25.3 0.476
AlFeCuCrMgos BCC 0.23 291.4 81.6 0.205
Ordered 0.71 289.3 715 0.222
phase
Cu,Mg 0.05 701.4 32.2 0.407
AlFeCuCrMg BCC 0.25 287.3 318.0 0.488
Ordered 0.70 287.9 134.1 0.786
phase
Cu,Mg 0.06 706.1 152.0 0.145
AlFeCuCrMg; ; BCC 0.21 289.7 173.0 0.127
Ordered 0.66 289.7 39.9 0.333
phase
Cu,Mg 0.21 709.7 258.0 0.107-

148




Fig 8.3 shows the phase evolved after heat treatment at 800°C in Ar atmosphere for 4
hours in AlFeCuCrMgy (x =0, 0.5, 1, 1.7) alloys.
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Figure 8.3 XRD patterns of AIFeCuCrMg, (x =0, 0.5, 1, 1.7) HEAs after heat treatment at 820°C.

It can be observed that the microstructure after heat treatment is similar to the
microstructure evolved after heat treatment at 470°C and 600°C.

Table 8.3 summarizes XRD analysis conducted including the lattice parameter and phase
fraction of constituent phases, crystallite size and lattice strain in the sintered
AlFeCuCrMgy (x = 0, 0.5, 1, 1.7) HEA.
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Table 8.3 Phase fraction, Lattice parameter, Crystallite size and lattice strain of AIFeCuCrMg, (x =
0, 0.5, 1, 1.7) HEAs after heat treatment at 820°C.

Composition Phases Phase Lattice Crystallite Lattice
Fraction | parameter Size (nm) Strain
(pm)
AlFeCuCr BCC 2 0.31 288.1 454 0.303
BCC1 0.65 287.3 72.8 0.218
FCC 0.02 355.6 - -
AlFeCuCrMggs BCC 0.38 292.3 67.9 0.232
Ordered 0.57 290.7 97.4 0.182
phase
Cu,Mg 0.03 704.0 198.3 0.123
AlFeCuCrMg BCC 0.31 288.6 318.0 0.488
Ordered 0.56 289.1 134.1 0.786
phase
Cu,Mg 0.11 709.1 103.9 0.182
AlFeCuCrMg; 7 BCC 0.10 293.1 109.7 0.171
Ordered 0.70 290.8 79.3 0.208
phase
Cu,Mg 0.22 719.1 154.5 0.145

It is to be noted that in all the heat treatment cycles the nanocrystallinity of the SPSed
samples are retained. In spite of this incase of alloys heat treated at 820°C the crystallite
size is higher compared to that of alloys heat treated at 470°C and 600°C. This may be
due to high supersaturated phases which had been evovlved after SPS, which possesses
positive Gibbs free energy. The tendency of a system to lower its Gibbs free energy is
driving the processes for an increase in the crystallite size of the phases. The relation
between Gibbs free energy change per unit volume, AGv, and supersaturation is given by
the Eq 8.1[136]

AGv =] kT Q ]In(C-Co ) = —[ kT Q JIn(1 + o) (8.1)
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where C is the concentration of the solute, Co is the equilibrium concentration or
solubility, k is the Boltzmann constant, T is the temperature, Q is the atomic volume and
o is the supersaturation defined by (C — Co)/Co. It can be seen from the relation that
Gibbs free energy and supersaturation is dependent on temperature as well as the rate of
reaction. The higher temperature leads to the increase in a solubility of the elements and
hence lower supersaturation. Also, in all cases of heat treatment of AIFeCuCrMgx (x =0,
0.5, 1, 1.7) alloy the lattice parameter of Cu,Mg phase is constantly shifting towards
lower angle side suggesting the compressive stresses present in the lattice due varying

atomic radii of each elements [137].

8.1.2 Microstructure of the heat treated AIFeCuCrMgy, HEAs
Fig. 8.4 shows the back scattered electron (BSE) image and chemical composition (inset)
of AlFeCuCrMgx (x =0, 0.5, 1, 1.7) HEA. In case of AlFeCuCr alloys BSE contrast

Fe Cu Cr Mg

(%) (%) (%) (%) (%)
1 23.7 134 355 16.9 10.2
249 34.1 138 20.7 6.3

Al Fe Cu

(%) (%) (%) (%)
26 165 492 7.1
2 21.1 393 10.89 28.6

(]

Region Al Fe Cu Cr Mg e
(%) (%) (%) (%) (%) Eos

Mg

Region Al Cu Cr
(%) (%) (%) (%) (%) 1 16.6 219 7.1 531 13
1 9.7 4.1 313 23.7 309 2 29.0 405 8.0 153 6.1
2 292 492 62 139 13 K 13.1 7.6 40.7 7.5 31.1 FSuras

Figure 8.4 BSE micrograph and EDS analysis (inset) of (a) AlIFeCuCr (x = 0), (b) AlIFeCuCrMgg;s (X
=0.5), (c) AIFeCuCrMg (x = 1), (d) AlIFeCuCrMg, ; (x = 1.7) HEAs heat treated at 470°C.
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revealed the presence of two phases. EDS results reveal that light grey phase (region ‘1)
is generally richer in Cu and correspond to FCC structure. At lower magnification, white
particles were dispersed uniformly in AIFeCuCr HEA. EDS results show that these white
particles are WC, which result from the contamination from ball mill. Similarly, in case
of AlFeCuCrMggs alloy the microstructure constitutes of mainly two regions. Light grey
(region ‘1°) corresponds to the Cu rich phase (FCC). The dark grey region (region ‘2°)
corresponds to the ordered phase as well as disordered BCC phase. In case of
AlFeCuCrMgy (x = 1, 1.7) alloys the microstructure is similar to that obtained after SPS.
The Cu,Mg and Mg,Cu form a network like structure and coarse grains correspond to the

ordered and BCC structure.

Region Al Fe Cu
(%) (%) (%)

188 393 6.1
249 7.7 578

Fe Cu
(%) (%)
849 1.1
12.7 375

Figure 8 5 BSE m|crograph and EDS analy5|s (mset) of (a) AlFeCuCr (x 0) (b) AIFCuCngos (x
=0.5), (c) AIFeCuCrMg (x = 1), (d) AlIFeCuCrMg; ; (x = 1.7) HEAs heat treated at 600°C.

In case of heat treated AIFeCuCrMgy (x = 0, 0.5, 1, 1.7) alloys at 600°C the

microstructures evolved have been observed similar to the microstructure obtained when
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heat treated at 470°C (see Fig 8.5). The white particles observed are dispersed in a

microstructure, which are the WC contamination due to the milling conditions.

Similar microstructure has been observed after heat treatment at 820°C for 4 hours (Fig.
8.6). In case of AIFeCuCrMgx (x = 0, 0.5) alloys having two phase structure region ‘1’ is
ordered as well as BCC phase and region ‘2’ having a Cu rich FCC type structure.

Region Al Fe Cu Cr Mg

(%) (%) (%) (%) (%)
1 20.3 31.3 13.3 28.0 6.9
2 218 6.6 50.0 7.8 136 §

Al
(%)

Region

Fe Cu Cr
(%) (%) (%) (%) (%)

1 10.7 16.0 35.7 21.0 5.8
2 0 588 0 358 4.2
3 18.7 37.7 0 32,6 9.7

Figure 8.6 BSE micrograph and EDS analy5|s (mset) of (a) AlFeCuCr (x = 0), (b) AIFeCuCngos (x
=0.5), (c) AlIFeCuCrMg (x = 1), (d) AlIFeCuCrMg; ; (x = 1.7) HEAs heat treated at 820°C.

(%) (%) (%) (%)
155 2.6 451 32
p 2 o7s 62 182 342

On the other hand AlFeCuCrMgy (x =1, 1.7) alloys have coarse grains having ordered as

well as BCC structure and the network like structure constituting of Cu,Mg phase.
It is to be noted that the decomposition temperature of Fe-Cr o phase is at 820°C. In order

to determine the effect of high temperature (820°C) on the precipitates TEM is performed
on equiatomic AlFeCuCrMg alloy.

153



8.1.3 Transmission Electron Microscopy

The sub-micron characterization of AlFeCuCrMg alloy by TEM was performed to
observe the effect of high temperature heat treatment on the microstructure and tetragonal
precipitates in case of AIFeCuCrMg (see Fig 8.7) alloys.

The bright field image (Fig 8.7(a)) of AlFeCuCrMg HEA reveals the formation of grains
of ordered phase, and disordered BCC phase having the grain size of 700 nm.

(a) ' 5.-"‘"; _ ‘

(210)

. .(108 ‘

50 99|

Figur8.7 TEM image of heat treé'{é"d"'(‘g'zo"q AlFeCuCrMpg alloy, (a) Bright field image and SAE
pattern (inset), (b) Bright field image and SAED pattern (inset) corresponding to Cu,Mg phase (c)
TEM dark field (d) spinodal decomposition image of AlFeCuCr Mg HEAs

Bright field image (Fig. 8.7(b)) shows that Cr rich tetragonal phase precipitates; a cubic
Cu,Mg type phase is retained after the heat treatment. Fig. 8.7(c) shows the dark field
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image of the precipitate phase, which suggests a size of 25 nm to 90 nm and average

precipitate size of 25 nm. Fig. 8.7(d) shows the presence of probable spinodal

decomposition in the BCC phase

Figure 8.8 STEM image of heat treated AlIFeCuCrMpg alloy and corresponding EDS point analysis of
corresponding regions

Fig 8.8 shows STEM image and the corresponding EDS mapping of AlFeCuCrMg alloy.
The map shows smaller precipitates are Cr rich and the grains are rich in Fe, Cr and Al.
The regions surrounding the precipitates are rich in Cu and Mg suggesting that the Cr

rich precipitates are nucleated in the Cu,Mg phase.

8.1.4 Density Measurement
The experimental bulk density after the SPS and heat treatment is shown in Table 8.4.

The bulk density after the heat treatment is calculated by Archimedes’s principle.
For the alloys heat treated at 470°C for 4 hours a slight increase in density is observed for

AlFeCuCrMgx (x = 0, 0.5, 1) alloys compared to the SPSed alloys (see Table 8.4).
However, the density of AIFeCuCrMg; 7 alloys decreases when it is heat treated at 470°C.
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Table 8.4 Experimental bulk density before and after heat treatment in AlFeCuCrMg, (x =0, 0.5, 1,
1.7) HEAs

Composition After SPS HT at 470°C | HT at600°C | HT at 820°C
(g/em?®) (g/em?®) (g/em?®) (g/em?®)
AlFeCuCr 6.091 6.215 6.211 6.212
AlFeCuCrMgos 5.790 6.016 5.944 5.862
AlFeCuCrMg 5.367 5.474 5.470 5.468
AlFeCuCrMgs 7 4,910 4.857 4.751 4,731

The increase in the density for AIFeCuCrMgx (x = 0, 0.5, 1) alloys may be attributed to
the removal of defects in the alloys at 470°C, and thus increasing the mass of the alloys
and higher density [138]. Although in case of AIFeCuCrMg; 7 alloys the decrease in the
density may be due to the melting of small fraction of Mg,Cu phase present in these

alloys.

For heat treatment at higher temperatures i.e. 600°C and 820°C it can be observed that
density of AlFeCuCr is same as when heat treated at 470°C. Although, small decrease in
the density in Mg containing AlIFeCuCrMgy (x = 0.5, 1) alloys is seen. This may be due
to the thermal expansion in the crystal lattice and the release of the internal stresses [126]
in the lattice which increases volume of the cell and thus the density decreases. In case of
AlFeCuCrMgs 7 alloys there is a substantial decrease in the density (approx. 3% of the
density after SPS) which is due to the melting of higher fraction Mg,Cu phase.

8.1.5 Hardness Measurement

Vickers hardness measurements were performed on AlFeCuCrMgy (x = 0, 0.5, 1, 1.7)
HEAs with load of 200 gf and dwell time at 15 sec. The results are plotted against Mg
content in Fig 8.9.

Maximum hardness of 1000 + 30.2 HVN was attained by AlFeCuCrMggs alloy heat
treated at 470°C. It is to be noted that for AIFeCuCr alloy the hardness is almost same for
whole temperature range which can be correlated to the similar density obtained for these
alloys with respect to different heat treatment temperatures. Moreover, for AIFeCuCrMgx
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(x = 0.5, 1) alloys the hardness decreases as the heat treatment temperature increases

from 470°C to 820°C.
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Figure 8.9 Hardness of AIFeCuCrMgx (x =0, 0.5, 1, 1.7) HEAs after heat treatment at 470°C, 600°C,
and 820°C.

This may be attributed to the increase in the removal of internal stresses and the decrease
in the dislocation density. It is interesting to note that for AlIFeCuCrMg;; alloys the
hardness increases from 535 + 25.3 HVN to 714 £ 27.8 HVN. This is due to the melting
of Mg,Cu phase which further increases the phase fraction of harder phase such as

ordered and brittle o phases.

8.2 Materials-Structure-Processing-Property correlation after heat treatment

The phase evolved after heat treatment of AlFeCuCr alloys at 470°C, 600°C and 820°C
suggests that along with the two BCC phases (BCC 1 and BCC 2, see chapter 2) evolved
after SPS the heat treatment of these alloys leads to the nucleation and growth of a Cu
rich FCC phase. The decomposition of the Cu rich phase may be thermodynamically
explained due to the high positive enthalpy between Fe-Cu and Cr-Cu. High positive
enthalpy drives the Cu atoms to diffuse and nucleate on the grain boundaries of the BCC

1 and BCC 2 phases. Further, grain growth of the nucleated particle follows the power
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law relationship showing the kinetics for normal grain growth and is as given by Eq.
8.1[139]

D" — DI = Kt (8.1)

where D is a grain diameter at time t, D, is the grain diameter at time t= 0, K is the grain
growth constant, and n is the grain growth exponent. The diffusion Kinetics may be
driven by primarily due to the intergranular diffusion of the Cu particles on the boundary
and then different particles connecting to a grain boundary network (Fig 8.10)

Cu particle

intergranular
diffusion

Figure 8.10 Schematic of (a) Ostwald ripening process in alloys(b) coalescence

Similarly in case of AlIFeCuCrMgos alloys the Cu rich FCC grains along with small
fraction of Cu,Mg has been formed. The phase fraction of FCC phase in these alloys are
calculated by ImageJ software and is found to be 3.3 %, 6.1 % and 9.6 % for heat
treatment cycles 470°C, 600°C and 820°C respectively. It is interesting to note that as the
heat treatment temperature increases the fraction of FCC phases in these alloys increases,
which may be attributed to the higher positive enthalpy of mixing (4.04 kJ/mol)
compared to AlFeCuCr (0.50 kJ/mol), which drives the more Cu atoms to diffuse through
the BCC phase and decompose at the grain boundary.
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In case of AIFeCuCrMgy (x = 1, 1.7) alloys the FCC phase has not been found. Instead
the microstructure is similar to that obtained after SPS. This may be explained due to the
higher Mg content which favors the formation of Cu,Mg phase rather than FCC Cu rich
phase. The Cu,Mg phase in the microstructure forms the network like structure while
coarse grains constitute of ordered as well as BCC structure.

The TEM analysis of equiatomic AlFeCuCrMg alloys heat treated at 820°C reveals that
there is small fraction of spinodal decomposition (Fig. 8.7(d)) in the grains corresponding
to the BCC phases which may be due to the miscibility gap formed between the elements.
Previous studies suggested that on FeCr alloys the spinodal decomposition is
predominant on aging at higher temperatures [139]. The mechanism of decomposition
can be explained as compositional fluctuation wavelength, A, and regions of different
composition concentration forms which is derived by the miscibility gap and also the rate
of these decomposition is very slow [140]. Also, similar to the SPSed alloys in this case
also precipitation of Cr-rich precipitates are formed in the Cu,Mg due to high positive
heat of formation between Mg-Cr and Cu-Cr.

Except for AlFeCuCrMg, 7 alloy hardness values for heat treated AIFeCuCrMgx (x = 0,
0.5, 1) alloys follows the same pattern as that in SPSed samples. Thus, it can be predicted
that in these alloys the primary strengthening is due to the combined effects of grain size
strengthening, solid solution hardening, and precipitation hardening. Further, these alloys
show that in all cases the hardness value of AIFeCuCrMgg s is the highest. In the case of
AlFeCuCrMgs 7alloy, the higher hardness is due to the melting of Mg,Cu phase leading
to the increase in the fraction of brittle phases.

To conclude the results, heat treatment of AIFeCuCrMgy (x = 0, 0.5, 1, 1.7) alloys are
performed at 470°C, 600°C and 820°C for 4 hours in Ar atmosphere. The phase evolution
shows the formation of additional minor FCC phase present in AIFeCuCrMgyx (x =0, 0.5)
alloys. On the other hand, the AlIFeCuCrMgx (x = 1, 1.7) alloys have a similar
microstructure as of SPSed alloys. The hardness of the AlFeCuCrMgx (x = 0, 0.5, 1)
alloys decreases with the increase in the heat treatment temperature due to the thermal
expansion of the crystal lattice and removal of internal stresses. For AlFeCuCrMgs 7
alloys the hardness value increases due to removal of Mg,Cu phase and increase in the

fraction of brittle phases.
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Chapter 9

Conclusions and Suggestions for Future Work

The research work on synthesis and characterization of light weight HEAs has been
carried out. Based on the finding from density, phase evolution, phase stability with
respect to temperature and hardness, the following conclusions can be made.

Novel AlFeCuCrMgx (x = 0, 0.5, 1, 1.7 moles) HEAs were prepared by solid state
processing route.

Phase analysis of as milled AlIFeCuCrMgy alloys indicates the formation of major BCC
phase with minor FCC fraction in case of AlIFeCuCr and AlFeCuCrMgos HEAs.
AlFeCuCrMg and AlFeCuCrMg; 7 alloy powders have two BCC phases i.e. BCC 1 and
BCC 2. Phase fraction of BCC 2 is found out to be 27.45% and 34.06% for AlFeCuCrMg
and AlFeCuCrMg; 7 respectively.

Even with a high enthalpy of mixing (AHmix), the formation of solid solution is being
observed due to the combined effect of severe plastic deformation during the mechanical
alloying and sluggish diffusion. Moreover, calculated thermodynamic parameters suggest
that AIFeCuCrMgy alloys powders synthesized by MA do not follow criteria given for
the formation of a single phase solid solution.

From the phase analysis, it can be concluded that the addition of Mg enhances the
probability of formation of BCC structure.

Local atomic environment study of as-milled AlIFeCuCrMgy alloy powder shows that
bond length distribution in Fe and Cr K-edge EXAFS measurements is in favor of the
formation of majorly BCC phase however although Cu K-edge data have shown
formation of some copper oxide (CuO) phases in AlFeCuCrMgy alloys. Also with
increase in the Mg content, the fraction of CuO phase decreases.

As-milled AlFeCuCrMgy (x = 0.0, 0.5, 1, 1.7) alloy powders have been compacted
successfully by spark plasma sintering.

The microstructure of bulk-sintered AlFeCuCr consisted of two BCC phases and a small
quantity of o-phase. As the Mg content increased from x = 0.5 to x = 1.7, the

microstructure was composed of predominately AlFe-type ordered structure, BCC phase,
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and Cu,Mg laves phase, with metastable Cr-rich o-phase precipitates. The formation and
growth of Cr-rich precipitates in Cu;Mg phase in case of AIFeCuCrMgy (x = 0.5, 1, 1.7)
HEA is reasoned to be the effect of high positive enthalpy between the binary elements.
A peak hardness value has been achieved for the AIFeCuCrMgos HEA due to a combined
effect of solid solution hardening, grain boundary hardening, and the precipitation

Phase evolved after sintering, in addition to that based on the criterions for formation of
solid solution in HEAS suggests that addition of Mg in HEAs leads to the formation of
intermetallic compounds. Also, the fraction of intermetallic compounds increases with
the increase in the Mg concentration. The strength in these alloys has been found to
mainly due to grain size effect, solid solution strengthening, and precipitation hardening.
Mg was found to decrease the phase stability from above 1000°C for the AlFeCuCr alloy
to 800°C for AlIFeCuCrMgy (x =0, 0.5, 1) and 450°C for AlIFeCuCrMg; 7.

An attempt has been made to synthesize AIMgCaNiCu & (AIMgCa); 33(NiCu)os HEAS
by MA and SPS which were physically disintegrated mainly because of the formation of
Ca(OH), and CaO phases during MA and sintering.

Conventional Sintering of AlIFeCuCrMgx (x = 0.5, 1) alloys shows the evolutionof multi-
phase microstructure having AlFe-type ordered structure, BCC phase, and Cu,Mg laves
phase and MgO.

Sub-micron characterization of AlFeCuCrMgy (x = 0.5, 1) alloys shows the presence of
spinodal decomposition in the microstructure. However, for AlIFeCuCrMgs 7 alloys the
sub-micron characterization shows the formation of Cr;Cs precipitates in Cu,Mg phase
and the microstructure does not constitute the spinodal decomposition.

A peak hardness value has been achieved for the AIFeCuCrMg; 7 HEA due to a combined
effect of solid solution hardening, grain boundary hardening, and the precipitation
hardening.

Heat treatment of AIFeCuCrMgy (x =0, 0.5, 1, 1.7) alloys are performed at 470°C, 600°C
and 820°C for 4 hours in Ar atmosphere. The phase evolution shows the formation of
additional minor FCC phase present in AlFeCuCrMgy (x=0, 0.5) alloys. On the other
hand, the AlFeCuCrMgx (x = 1, 1.7) alloys have a similar microstructure as of SPSed

alloys.
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The hardness of the AlFeCuCrMgy (x = 0.5, 1) alloys decreases after heat treatment at
820°C due to the thermal expansion of the crystal lattice and removal of internal stresses.
For AlFeCuCrMgs 7 alloys the hardness value increases due to melting and removal of
Mg,Cu phase and an increase in the fraction of brittle phases.

The present studies suggest that these alloys may have a potential usage in high
temperature application and application requiring high wear resistance. However, further
studies on the mechanical properties can give a better idea on the applications of these

alloys.
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Suggestions for Future Work

Thus based on the conclusion following work on AlFeCuCrMgy and Ca containing alloys

can be done in the future.

Some computational work is required to design and develop a Cu free light
weight HEAs.

EXAFS studies on the Al K-edge and Mg K-edge can be studied to get more
detailed information about the crystal structure of as milled AIFeCuCrMgx HEAs.
More studies on the contamination content in the bulk alloys will provide the
potential application of these HEAsS.

More studies on the milling and sintering parameters to successfully synthesize
Ca based HEAs would be required.

Detailed studies on the segregation and spinodal decomposition of conventionally
sintered AlFeCuCrMgx HEAs would be useful.

Detailed TEM studies of the heat treated AIFeCuCrMgyx alloys to understand the
diffusion kinetics in AlIFeCuCrMgy HEAs can be important.

Studies on the mechanical properties such as tensile strength, compressive
strength, wear and fracture behavior of AlFeCuCrMgx HEAS can be taken up.
Suitable coating method may be selected to coat these alloys on various
substrates.

Oxidation study of the proposed HEAs may be performed to suggest its high
temperature application as a coating material.

Extensive corrosion study may also be performed with varying chloride

concentration.
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